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Abstract

The anisotropic mechanical response of single-crystal nickel-based superalloys is simulated. At 1123 K, two uniaxial tensile loading
cases are simulated: one along [001] and another along [111]. Resulting stress–strain curves, stress distributions, interfacial dislocation
structures are analysed. In accordance with experiments, the simulations show an anisotropic yield strength. The applied strain is accom-
modated by dislocations propagating through matrix channels on octahedral slip systems. The net result appears as slip bands along the
cubic directions, even though no cubic slip systems are activated. In the [001] case, the plastic flow is distributed more or less evenly
among the three matrix channels, whereas in the [11 1] case it is mainly concentrated in one single channel. Typical zig–zag configurations
are observed. The elementary mechanisms controlling their formation are explained. Cross-slip does not play any role there. The hard-
ening anisotropy between both loading cases is related to strong differences between the interfacial dislocation microstructures.
� 2009 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Keywords: Nickel alloys; High-temperature deformation; Plastic deformation; Dislocation dynamics; Work-hardening modelling
1. Introduction

Single crystals of nickel-based superalloys are specifically
developed for high-temperature applications [1,2]. These
materials are used for turbine blades in aircraft engines and
in power plants. Their particular microstructure consists of
ordered c0 Ni3Al precipitates with a L12 structure, coherently
set in the c-matrix, a face-centred cubic (fcc) nickel-based solid
solution. Nickel-based superalloys derive much of their excel-
lent mechanical properties at high temperature from the c0

precipitates. They have a roughly cuboidal shape and are reg-
ularly distributed, with faces parallel to the {100} planes and
with narrow c-matrix channels between them. The dimensions
of precipitates and channels are in the sub-micrometer range.
The trend in nickel-based superalloy development has been
towards increasing their volume fraction up to values provid-
ing an optimum of mechanical properties: the first generation,
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such as Waspalloy, contains about 25 vol.%, whereas more
recently developed alloys contain up to 70 vol.%.

In uniaxial tension or compression tests, the yield
strength depends strongly on loading direction and temper-
ature [3–10]. For instance, at 1273 K and at low tensile
stress, plasticity is mainly concentrated within the channels
on 1

2
h110if11 1g planes [11,12]. The precipitates are not

plastically deformed, because of the anomalous yield
behaviour of the Ni3Al phase, whose flow stress increases
from room temperature up to a peak value at about
1243 K [13]. Also, in the h00 1i loading cases (i.e. for crys-
tals with one of the h001i axes oriented along the loading
direction), the 0.2% yield stress and the strain hardening
are considerably higher than for other orientations. Under-
standing such plastic behaviour is essential because the
crystallographic alignment during blade solidification can
deviate from the strongest h001i orientation, and blades
can be subjected locally to complex stress states.

The question has been raised whether cube slip occurs in
crystals oriented away from the h001i directions [6,7,9]. In
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the h1 11i loading cases, i.e. for crystals oriented with one
of the h111i axes along the loading direction, {100} slip
traces have been observed within the channels. Activation
of cube slip systems has important consequences for the
models of the orientation-dependence of the mechanical
response [14–19]. Adopting cube slip is a convenient
scheme to account for the softer plastic response of non-
h001i oriented specimens. Microscopically, dislocations
would then glide on the cubic planes in the matrix chan-
nels. The boundaries of those channels are parallel to the
glide planes, so they cannot block these dislocations who
could then glide freely over large distances.

However, at higher magnifications no dislocations were
found to glide on cube planes [3,4,10]. Recent transmission
electron microscopy (TEM) analyses [9,10,20] showed that
the {10 0} traces previously observed with optical micros-
copy consist of repeated slip occurring on different {111}
planes within the c channels, appearing visually as zig–
zag configurations. According to Bettge and Österle [9]
and Wang et al. [10], this is a result of successive disloca-
tion cross-slip between the {111} slip planes. The cubic slip
systems in the crystallographic viscoplastic models dedi-
cated to single-crystal superalloys can then be thought of
as phenomenologically representing the “pseudo-cubic”

slip traces caused by the zig–zag slip on octahedral planes.
This paper seeks to clarify some of these issues by using

three-dimensional dislocation dynamics (DD) simulations.
Uniaxial tensile tests of a single crystal nickel-based super-
alloy are simulated at 1123 K, for a [001] and for a [11 1]
loading case. The mechanical problem is solved through
a coupled approach involving a DD and a finite element
(FE) code, called the discrete–continuous model (DCM)
[21–23].

The structure of this paper is as follows. First, the DCM
is briefly recalled in Section 2. Then, the simulation results
are given in Section 3. They aim at understanding the ori-
entation dependence observed in the tensile tests. Calcula-
tions are then compared with the experimental results from
the literature. The simulated dislocation microstructures
and the internal stress distributions are analysed in detail
in Section 4, providing original information on the disloca-
tion mechanisms controlling plastic deformation in these
tests. The simulations are shown to deliver a qualitative
and quantitative description of plastic strain localisation,
consistent with experimental observations.

2. Simulation method

2.1. The discrete–continuous model (DCM)

In the DCM, which is used throughout this paper, the
usual constitutive law of a FE code is replaced by a discret-
ized representation of the dislocation lines, as usual in a
dedicated DD code. With this hybrid numerical approach
the mechanical boundary problem and the associated phys-
ical processes can be solved simultaneously. On the one
hand, the DD code (microMegas [22,25]) solves the dynam-
ics and the local reactions of discrete dislocation lines, and
computes the plastic shear strain increments generated by
dislocation glide. On the other hand, the FE code (ZéBu-
loN [26]) computes the associated stress and displacement
fields, the solution of the boundary value problem, using
the plastic strain field given by the DD code. The DCM
has already been used to study plastic relaxation in hetero-
epitaxial thin films [27], plastic deformation in metal matrix
composites [28] and compression tests in a micro-pillar of
Cu [29]. For details on the DCM the reader is referred to
Refs. [21,30,31] and for the more recent developments of
the numerical method to Ref. [23]. With these latest devel-
opments, the size effect of the channel width on the
mechanical response of single-crystal c/c0 superalloys has
been analysed in a previous paper [32].

The simulated volume is periodic and contains only one c0

cuboidal precipitate surrounded by six c channels. This vol-
ume is discretized by 16 � 16 � 16 = 4096 quadratic finite
elements and 56,361 degrees of freedom, with periodic
boundary conditions (PBC). In order to avoid PBC artifacts
due to self-annihilation of dislocation loops [33], the ideal
periodic arrangement of cubic precipitates is modified by
considering precipitates with orthorhombic dimensions
(0.48 � 0.50 � 0.52 lm3). At channel width h = 0.08 lm,
the precipitate volume fraction becomes f = 61%. Fig. 1a
shows the simulated volume and some of its periodic repli-
cas. For better visibility of the dislocation lines, not all of
the precipitates are shown.

In microMegas, the dislocation lines are discretized into
segments of screw, edge and two mixed characters (here
±60� character in the h11 0i directions). This discretization
is numerically very efficient for the specific case of the c/c0

superalloy, because dislocation–dislocation junctions
between octahedral slip systems and dislocation segments
arrested by the {100} precipitate/matrix interfaces are all
along h110i directions. This last point is illustrated in
Fig. 1. Fig. 1a shows a dislocation (highlighted by a some-
what thicker line) gliding through the matrix channels on a
1
2
h110if�111g plane. The dislocation leaves behind disloca-

tion segments pressed against the interfaces which have
either a screw character in the horizontal channel (indi-
cated by the black arrow in Fig. 1b), or a mixed character
in the vertical channels, with a Burgers vector at ±60� with
respect to the line direction (indicated by the black arrows
in Fig. 1c).

For simplicity, isotropic elasticity is assumed everywhere
with a shear modulus l = 51 GPa and a Poisson ratio
m = 0.37. In the DD code, the lattice parameter
a = 0.36 nm is assumed identical in both phases. This
implies a Burgers vector of length b � 0.25 nm.

Shearing of the precipitates has been incorporated into
the DCM [34] and it correctly reproduces the anomalous
temperature dependence [13] of the simulated bowing-
assisted cutting process. In the c0 phase the main parameter
controlling the dynamics of precipitate shearing is a config-
uration stress sAPB, which accounts for an anti-phase
boundary (APB) creation or recovery through the APB



Fig. 1. (a) The simulated c/c0 microstructure and some of its periodic replicas. The three possible types of dislocation character (screw and ±60� character)
arrested by {100} precipitate/matrix interfaces during the Orowan bypassing process are illustrated: in (b), the black arrow shows the screw segment
deposited at the horizontal interface, whereas in (c), ±60� character segments are deposited at the vertical interfaces.
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energy cAPB. In all simulations of the present study,
cAPB = 350 mJ m�2 [35] and at 1123 K the precipitates
are bypassed by the Orowan mechanism, i.e. the precipi-
tates are only deformed elastically. This is consistent with
experimental observations at small plastic deformations
[11,12,36], where the dislocation loops move through the
channels, bowing out between the precipitates when a crit-
ical shear stress, the Orowan threshold stress sOR � lb/h, is
reached.

In the c phase, the velocity v of the dislocation segments
is supposed to be linearly proportional to the resolved
shear stress s through v = sb/B. The viscous drag constant
B = 1.0 � 10�4 Pa s accounts for dissipative processes
associated to dislocation motion. A constant lattice friction
sF opposing dislocation motion due to solid-solution
strengthening is subtracted from s before calculating the
segment velocity. Post mortem and in situ TEM observa-
tions on single phase crystals suggest the value
sF = 105 MPa [37].

2.2. Initial dislocation configurations

Initial conditions in DCM simulations should be as
close as possible to the experimental conditions in terms
of dislocation density, dislocation source distribution and
dislocation entanglement. As explained in Refs. [23,31],
the initial configuration in a DCM simulation is generated
with a Volterra shearing procedure. This procedure is
needed to set up an eigenstrain distribution [38] in the FE
mesh that is mechanically compatible with the initial dislo-
cation microstructure.

For reasons of simplicity and in order to avoid signifi-
cant annihilation of dislocations in the first steps of the
simulations, the initial dislocation distribution consists
only of dipolar loops (four connected edge segments with
the same Burgers vector). In this manner, dislocation seg-
ments act as Franck–Read sources and build up an inter-
connected dislocation network free of any pending lines.
A total dislocation density is homogeneously assigned to
the 12 octahedral slip systems in the form of 24 dipolar
loops. The slip systems are labeled according to the Schmid
and Boas notation and cube slip systems are excluded on
purpose.

The initial length of the edge segments is 0.12 lm, which
is longer than the channel width h = 0.08 lm. This precau-
tion is needed in order to prevent artifacts due to a source
activation stress operating within the c channel which may
be superior to the Orowan threshold stress. It has been ver-
ified that considering smaller initial dislocation source
length than the channel width generates unrealistic macro-
scopic mechanical behaviour, which may include an initial
overstress of several hundred megapascals. Indeed, disloca-
tion segments can bow out and multiply at a simulated crit-
ical resolved shear stress (�113 MPa), which is lower than
the theoretical Orowan stress of 163 MPa for this channel
width. In order to assure the condition that each initial seg-
ment has a length of 0.12 lm, the starting dipolar loops
cannot lie exclusively in the channel: parts of the loops
are located in the channel and other parts in the precipitate.
The latter dislocation segments create an APB, so they are
energetically unfavorable and the dislocation distribution
must be relaxed before applying mechanical loading.

An additional strengthening mechanism is due to the
lattice mismatch between the two phases. The difference
in lattice parameter between the c and c0 phases creates a
coherency stress field, which is not well known experimen-
tally at high temperatures [12,39]. In the DCM simulations,
it can be computed by means of a preliminary thermoelas-
tic FE calculation, by artificially heating the c/c0 micro-
structure from an initial state without misfit at room
temperature. This requires two thermal expansion coeffi-
cients, ac and ac0 , associated respectively to the c matrix
and c0 precipitate, and the appropriate heating interval
DT. The misfit strain d is then given by ðac0 � acÞDT , here
equal to �3% at 1123 K. Fig. 2a shows the von Mises
equivalent stress rmises of the coherency stress field in the



Fig. 2. (a) An initial dislocation configuration after relaxation. The persistence of coherency stress is illustrated by the von Mises stress rmises at the surface
of a diagonal cut through the channels. This can be compared to the large network of dislocations found at the c/c0 interfaces in (b), after 0.2% plastic
strain for the [001] case.
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matrix, before any mechanical loading. The matrix is in
tension and the equivalent stress attains a minimum in
the middle of the channels, and a maximum along the inter-
faces. In the precipitate, the misfit generates an uniform
von Mises stress of about 30 MPa.

During the initial relaxation, the APB energy and the
coherency stress drive the dislocations towards the inter-
faces. At this stage, the DD simulation time step is
5 � 10�11 s and the FE time step is 10 times as long. The
dislocation configuration is supposed to be relaxed when
there are no more dislocations inside the precipitate. Com-
plete relaxation takes about 3000 DD steps. After the pro-
cess, the total dislocation density on the 12 octahedral slip
systems is 6.2 � 1013 m�2. As shown in Fig. 2a, the disloca-
tions have moved to the interfaces ,where they locally
reduce the coherency stress.

It was observed that the relaxed configuration is modi-
fied even when a very small load is applied during the relax-
ation. For that reason, the configurations subsequently
used for mechanical loading were obtained by imposing a
tiny fraction (�10�7) of the mechanical loading that will
be applied later on. This simple trick helps to eliminate
possible transitory plastic deformation at the beginning
of the simulation of the tensile test. It was verified that this
modification does not change the mechanical response
beyond this initial transitory stage.

Finally, not all initial configurations need the same time
to eliminate their dislocation segments from the precipitate
and to form the dislocation network at the interfaces.
Those initial configurations which happen to have only a
small fraction of segments inside the precipitate would
probably need less time to relax than other initial configu-
rations with almost all segments there. Therefore, in order
to minimize the relaxation time, the dipolar loops are posi-
tioned in such a way that the fraction of their segments
inside the precipitate is as low as possible. If the main con-
cern of the present paper would have been the relaxation
process itself, this procedure would of course not be justi-
fied, but here the interest is the dislocation dynamics and
the dislocation–precipitate interactions during the subse-
quent mechanical loading. Fig. 2a shows a relaxed disloca-
tion network and the remaining coherency stress field just
before mechanical loading. Fig. 2b shows the dense interfa-
cial network after 0.2% plastic strain in the [001] case.

2.3. Loading conditions

During the simulations, the relaxed dislocation configu-
rations are subjected to a pure tensile loading along the
[001] or [111] axes. In order to run calculations within a
reasonable time, a high resolved strain rate of _c ¼ 20 s�1

is imposed. Note that the convention is adopted through-
out this paper that all macroscopic stresses or strains are
resolved on the slip system(s) with the highest Schmid fac-
tor, unless specifically indicated otherwise. This strain rate
is larger than the macroscopic strain rates applied in labo-
ratory tests, but reducing it would not affect the conclu-
sions of this work. Processes controlled by diffusion such
as dislocation climb are not taken into account. Further-
more, cross-slip is not activated initially, but in a second
set of computations a cross-slip process is taken into
account for comparison with the pure glide results and
for testing a hypothesis from the literature. The remaining
simulation parameters are the same as during the plastic
relaxation. However, contrarily to the relaxation phase,
there is no longer any plasticity in the precipitates because
at high temperatures plastic deformation takes place only
through dislocation glide in the channels and the interfaces
are effectively impenetrable [11,12]. Therefore, only a small
fraction of the simulated volume is deformed plastically
and a significant strain incompatibility is expected.

3. Simulation results

3.1. Macroscopic mechanical response

Fig. 3 shows the simulated stress–strain curves for both
[001] and [11 1] cases. The two curves are in good agree-
ment with experiments and are characteristic of plastic
deformation of c/c0 superalloys at high temperature
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[7,10,19]. Two distinct stages can be observed. During the
first transient stage, from zero to 0.015% plastic strain,
the flow stress is identical for both cases. The dislocations
initially present in the channels start moving towards the
interfaces. Due to the small channel width, the plastic
deformation at 0.015% is mainly controlled by the line ten-
sion. The initial yield point correlates well with the Orowan
stress prediction sor = k lb/h = 166 MPa [40]. The prefac-
tor k = 1.02 accounts for the mean character of the disloca-
tion lines involved.

During the second stage (from 0.015% onwards), the rel-
ative influences of forest interactions or dislocation storage
at the interfaces can increase potentially. In accordance
with experiments, the two loading cases respond com-
pletely differently. The [001] case hardens linearly with
slope h = Ds/Dc = 0.149 l. The [111] case first shows a
stress drop of about 50 MPa without any strain hardening
afterwards. The form of this curve is typical: the experi-
mental curves reported by Bettge and Co-workers [19] also
show a stress drop of the same magnitude after an upper
yield point, followed by a low-hardening domain. More-
over, the resolved flow stress calculated for both cases differ
by approximately 130 MPa at 0.20% plastic strain. Again,
this is in good agreement with experiments [19,41,42]: for
instance, Österle et al. obtained a difference of 113 MPa
at 923 K and 129 MPa at 1023 K for SC16 after 0.2% plas-
tic strain at a strain rate of 10�3 s�1.

In both loading cases, dislocation segments accumulate
at the interfaces. Each dislocation gliding through a chan-
nel can deposit long, straight segments of opposite sign at
the two opposite interfaces bounding the channel. At low
effective stress, the deposited segments rearrange them-
selves on the interfaces in order to minimize the elastic
energy. This creates the characteristic networks which have
been observed many times in TEM studies [43].

Fig. 4 shows the evolution of the dislocation density qtot

with plastic strain. In conformity with the previous obser-
vations on strain hardening, the net dislocation storage rate
oq/oc is largest in the [001] case. Inversely, the absence of
hardening for the [11 1] case manifests itself as a much
lower dislocation storage. This results from plastic strain
localization, but this will be explained in later sections.

The difference between the two cases is not caused by
forest hardening. This is demonstrated in the same figure,
where the ratio of junction density qjunc (which is a signa-
ture of forest hardening [44,45]) to total dislocation density
is plotted as a function of plastic strain. The junction den-
sity is calculated here as the sum of the junction segment
lengths divided by the simulated volume. For both cases,
qjunc is much smaller than in usual fcc metals, and both
ratios are quantitatively the same. Also, the rate of both
ratios decreases after some straining. Even if all the junc-
tions contributed to forest hardening, they would not con-
tribute much to the flow stress in both loading cases.

3.2. Interfacial dislocation microstructures

Deformation incompatibilities between two phases can
be accommodated by geometrically necessary dislocations
accumulated at the interfaces [46]. These interfacial disloca-
tions induce a long-range internal stress that contributes,
with the applied stress and the coherency stress, to the total
stress distribution in the microstructure. In the DCM sim-
ulations these contributions are calculated simultaneously,
and a relation between mechanical strengthening and the
dislocations stored at the interfaces is expected there.

Fig. 5 shows the dislocations deposited at the interfaces.
Only those dislocations close to the interfaces (i.e. at dis-
tances smaller than 0.015 lm) are shown. For the [001]
case in Fig. 5a, a dense network of straight dislocations is
rapidly formed at all surfaces of the precipitate. This net-
work consists of dislocations with four different Burgers
vectors, homogeneously distributed between the three
{100} interface directions. In the channel direction parallel



Fig. 5. Dislocation networks formed at the c/c0 interfaces after deformation to 0.2% plastic strain. Only dislocations within a distance of 0.015 lm from
the interfaces are shown for (a) the [001] case and (b) the [111] case.

Fig. 6. Plastic strain ci on individual slip systems i. (a) In the [001] case,
eight slip systems are activated more or less equally, in accordance with
the Schmid law. (b) In the [111] case, only two slip systems are activated,
whereas six slip systems have the same non-zero Schmid factor. Thin foils
in the {111} direction are shown in the top left part of figures (a) and (b)
in order to illustrate the relation between slip system activity and
dislocation microstructure.
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to the loading axis, the line character of the interfacial dis-
locations is exclusively of ±60� type. In the two channel
directions normal to the loading axis it can be either screw
or ±60� type. This results from the direction of the Burgers
vector of the activated slip systems.

In the [111] case (Fig. 5b), a completely different configu-
ration is found. The dislocation network is restricted to only
one interface direction. It consists of long parallel screw seg-
ments, all with the same Burgers vector ([110] in the figure).
This configuration is one reason for the absence of hardening
that was observed previously. Dislocations multiply in one
single crystallographic direction and are confined to the
channel containing this direction. The periodic arrangement
of precipitates does not block the dislocation motion, and so
it does not cause strain hardening either.

In Fig. 5b, positive dislocations gliding on A6 are indi-
cated in red and negative dislocations gliding on D6 in
black. The relative equilibrium and the homogeneous dis-
tribution of red and black colors at the interfaces indicate
that the interfacial dislocations do not induce a long-range
stress. This will be discussed further in Section 4.3.

The strong differences between these interfacial disloca-
tion microstructures suggest a correlation with the harden-
ing anisotropy. In order to clarify exactly what mechanisms
affect the strain hardening, a more detailed analysis is pre-
sented in the next section.

3.3. Analysis of slip systems and deformation bands

Fig. 6 shows the plastic shear on each of the twelve octa-
hedral slip systems. In accordance with the Schmid law, eight
slip systems are found active in the [001] case. However, their
contributions to the total plastic deformation are not distrib-
uted evenly. Several simulations were run in order to estab-
lish that this results from heterogeneities in the initial
dislocation configuration. Activation of all eight slip systems
is coherent with strong hardening and the dense dislocation
microstructure found at the interfaces.

In the [111] case, six slip systems have identical non-
zero Schmid factor. Surprisingly, only two slip systems
accommodate the imposed strain rate. For instance, in
Fig. 6 the two active slip systems are A6 and its collinear
system D6. The same duplex collinear slip is observed for
four other initial dislocation microstructures. In each sim-
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ulation the total plastic strain is accommodated by only
two slip systems: one primary system (not necessarily the
same for each initial microstructure) and its collinear slip
system. These two particular slip systems are correlated
because they always have the same Burgers vector. Duplex
collinear slip has been referenced as the strongest existing
forest interaction [47,48], so it should cause very high
strengthening. However, the opposite is observed here.
Clearly, the manner in which duplex collinear slip influ-
ences the mechanical response needs to be clarified in this
particular case.

At high temperature, octahedral slip traces are very
short because plastic deformation is confined to the chan-
nels, and deformation bands are observed parallel to the
h100i directions. The deformation bands can be visualized
by showing the dislocation lines stored in a thin slice of the
channels. In the insets in Fig. 6 deformation bands are
shown in slices of 0.15 lm thickness, with [11 1] normal
and at 0.20% plastic strain, extracted from the periodic
simulation cell. At low magnification, plastic deformation
indeed appears as slip bands parallel to {100} cube planes.
However, in the [001] case (Fig. 6a) plastic strain is distrib-
uted more or less evenly among the three h100i directions,
whereas in the [111] case (Fig. 6b) the plastic deformation
is restricted to only one direction.

It might be argued that the localization of the plastic
deformation into one single channel in the [11 1] case is
caused by the lattice mismatch at the c/c0 interfaces. How-
ever, this would create the opposite effect. This can be seen
as follows. Without external loading, the mismatch creates
a misfit stress, which is the same in each channel. Loading
along a h111i direction would preserve this symmetry
whereas loading along a h001i direction would not. If there
was to be any localization because of the misfit stress, it
would therefore be in the [001] case, and not in the [111]
case. Moreover, simulations were carried out with two other
coherency stresses (d = �2% and �3.5%), and it was
observed that the internal stresses in the calculation do not
affect either the macroscopic or the microscopic behaviour
(it would have affected the initial dislocation configuration
if the relaxation phase had been included, but that is not
the case here). Rather, such a localization appears to be the
result of an elementary dislocation reaction promoting dislo-
cation glide in a specific direction and confining the deforma-
tion into one specific channel. The plastic strain remains
localized throughout the whole loading path, so it must also
be explained how this dynamical property is related to the
absence of strain hardening in the [111] case.

In summary, dislocation dynamics and dislocation stor-
age depend strongly on the orientation of the channels rel-
ative to the tensile axis. In the [001] case, the activation of
several octahedral slip systems leads to the formation of
deformation bands parallel to the {100} directions. Plastic
deformation in those bands is homogeneously distributed.
Alternatively, the deformation bands in the [11 1] case
are systematically parallel to one unique cubic direction.
This direction appears to be randomly selected in the early
stages of deformation. The selection depends on which par-
ticular glide systems succeed first at depositing the long
screw dislocation segments at the interfaces, and this, in
turn, depends on the random fluctuations between one ini-
tial configuration and another. Subsequent plastic defor-
mation is then accommodated completely there.
Additional work is needed to understand how such an
instability is related to the duplex collinear slip observed
in the [11 1] case. The second part of this paper aims to
identify dislocation reactions controlling this complex plas-
tic behaviour.

4. Dislocation dynamics analysis

4.1. Pseudo-cubic slip

In one of the very few experimental studies addressing
the occurrence of cube slip in c/c0 alloys, Bettge and Co-
workers [19] observed the appearance of slip bands by
TEM. Single crystals oriented with the [111]-direction near
the tensile axis were deformed in uniaxial tension at 923
and 1023 K. The deformation bands appeared in two
stages: at a low plastic strain of 0.20%, the first deforma-
tion bands were all parallel to one single cubic direction.
Then, at a larger plastic strain of 2.55%, deformation bands
were homogeneously distributed along all three {100}
directions. No cubic dislocations were observed at higher
magnifications in both stages. The deformation bands con-
tained only 1

2
½011�f111g-type dislocations of mixed 60�

character, forming zig–zag configurations in the matrix
channels (Fig. 7). The angle between the zig and zag direc-
tions was approximately 60�. Note that the results from the
DD simulations correspond to these observations for the
first stage (see Fig. 7), albeit at a somewhat higher
temperature.

According to Sass et al. [6,7] and Bettge and Österle [19],
repeated double cross-slip events might explain the forma-
tion of the zig–zag configuration and the pseudo-cubic slip
traces. Their explanation is as follows: a 1

2
½0 11� screw seg-

ment gliding in a channel on a ð1�11Þ plane will eventually
be blocked by a (100) interface. As a result of some high
local internal stress it cross-slips onto a ð11�1Þ plane. After
crossing the channel on this new plane, the segment is
blocked again by the interface at the other side of the chan-
nel. There it cross-slips back onto a ð1�11Þ plane. If this
double cross-slip process occurs repeatedly, the initial
screw segment generates two trailing zig–zag-shaped dislo-
cations, tracing its path. Subsequently, the two trailing dis-
locations glide in the [011] direction, thereby shearing the
material with a net cubic (“pseudo-cubic“) slip.

In order to test this mechanism, two distinct sets of DD
simulations were carried out. In the first set, the cross-slip
mechanism was suppressed artificially, whereas in the sec-
ond set it was not. Unfortunately, the way in which
cross-slip actually occurs in c/c0 superalloys is not known.
Therefore, another constitutive rule for cross-slip had to
be used, similar to the one used in pure fcc metals [49].



Fig. 7. Comparison between (a) experimentally observed (after [19]) and (b) simulated dislocation microstructure in a matrix channel for the [111] case,
after 0.2% plastic strain. (a) Left: TEM bright-field image with foil normal (111) of a (100) slip band at 923 K. Right: enlarged view of the rectangular
area in the image on the left showing zig–zag dislocation configurations. (b) Simulated dislocation microstructure at 1123 K with the same foil
characteristics.
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In both sets of simulations, exactly the same zig–zag
configurations were obtained as in Fig. 7. Therefore, the
formation of the zig–zag configuration is not neccessarily
associated to cross-slip, but rather must be the outcome
of contact reactions during dislocation glide. In the next
section, it is demonstrated that the simulated zig–zag con-
figurations are the result of collinear annihilation [50]
between dislocations with the same Burgers vector gliding
in different slip planes.

4.2. Elementary mechanisms

The [111] case is analysed first. Only two slip systems with
the same Burgers vector accommodate the imposed defor-
mation. A simple analysis of dislocation–dislocation reac-
tions shows that dislocations are either elastically repulsive
or strongly attractive, and can annihilate upon contact in
the collinear reaction [51]. In single-phase materials, this
reaction can annihilate very long sections of the dislocation
line. Therefore it has a significant impact on strain hardening
and dislocation patterning [50,52]. In the specific case treated
here, the contribution of the collinear reaction appears to be
very different as a result of the confinement of the dislocation
dynamics in the narrow channels. Consequently, the follow-
ing points need clarification: (i) how the zig–zag configura-
tions are formed; (ii) how collinear reactions cause the
localization of the plastic deformation into a single cubic
direction; and (iii) why the [111] and the [001] cases are so
different.

Fig. 8 shows the expansion of two dislocation loops on
two different slip planes, but with the same Burgers vector.
The snapshots are illustrations of the most frequently
occurring collinear reaction during massive simulations
(i.e. simulations where loops are present on all slip systems
and with realistic dislocation densities). Because of line ten-
sion anisotropy, dislocation loops expand preferentially in
those channels in which their edge segments can move large
distances (in the figure this corresponds to the horizontal
channel). Screw dislocation segments are deposited at the
precipitate surfaces bounding these channels. Other screw
segments cross the vertical channels but do not bow out
there much because they are held back by the higher line
tension in those directions. As illustrated in Fig. 8 at t4

and t5, if the intersection of the two slip planes does not
lie too far into the vertical channel, the screw line sections
of both dislocations are annihilated there. This leaves
behind “V”-shaped dislocation debris of 60� character
against the two precipitate surfaces which bound the verti-
cal channel. The accumulation of such “V”-shaped debris
during plastic deformation is the explanation of the zig–
zag configurations observed in the simulations (see Fig. 7).

As shown above, dislocations of a given Burgers vector
preferentially glide in a specific channel because of the line
tension anisotropy. Consequently, within the plastically



Fig. 8. Six successive stages t1–t6 of the creation of “V”-shaped dislocation debris, the elementary parts of the zig–zag configuration. The two arrows at t1

indicate the direction of movement of two dislocations with the same Burgers vector through the horizontal channel. The white arrow at t4 points to the
localization of the initiation of their collinear reaction in a vertical channel.
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active channels there is a high probability of collinear inter-
actions, and a large diversity of reactions is indeed
observed there. Fig. 9 shows three representative examples.

Fig. 9a shows the simplest one. Two attractive disloca-
tions bow out on intersecting planes, but now the planes
intersect inside the active channel instead of outside, as in
the previous case. The line of intersection is shown as the
dotted line in Fig. 9a3. The dislocations exchange line sec-
tions (“arms”) as a result of a collinear reaction, and again
two “V”-shaped configurations are formed. This time,
however, there are no vertical interfaces to block them,
and they can glide across long distances after the reaction.

Fig. 9b shows subsequent possible reactions between “V”

configurations (or even more complex dislocation configura-
tions). For each collinear reaction an exchange of dislocation
arms is observed, and the new dislocation configurations
contain collinear superjogs, forcing dislocation glide in the
direction of the Burgers vector. The latter direction is parallel
to the channel interfaces, so the new dislocation configura-
tion is potentially mobile. Two cases can now be distin-
guished: (i) the superjog glides in the same direction as the
primary line. For the same applied stress the total force act-
ing on the dislocation line then increases, because it is now
longer than before. This facilitates cutting or bypassing
obstacles, so that its mobility increases [50] (see Fig. 9b).
(ii) The superjog glides in the opposite direction as the pri-
mary line. Then it tends to increase its length and bows
out, and sometimes acts as a dislocation source (see Fig. 9c).
The larger the plastic deformation, the more collinear
superjogs accumulate along the dislocations. This evolu-
tion justifies two important properties of the [111] case.
First, the decoration with collinear superjogs enforces a
localization of dislocation motion in their initial channel
as they can glide easily only in the direction of the Burgers
vector. Secondly, superjogs increase the mobility of some
dislocations, because they increase the length of those
mobile lines which can progress easily in between the
interfaces.

The plastic localization observed in the simulations is
certainly exaggerated because of the ideal arrangement of
the periodic replicas of the precipitate. In reality, the pre-
cipitate arrangement is not perfectly regular and, because
of that, the easy glide simulated here, with a very long dis-
location free path, will eventually be blocked by some pre-
cipitate. At larger strains, additional slip systems must then
be activated in the other channels.

Next, the [001] case is analysed. In this orientation we
need to understand why the same elementary dislocation
reactions do not lead to the same plastic instabilities as in
the [11 1] case. At the start of the simulation of the [001]
case the first slip systems activated in a channel are depos-
iting pure screw segments at the c/c0 interfaces, as in the
previous case. Hence, the argument of line tension anisot-
ropy promoting collinear duplex slip in specific channel
directions also applies here. However, this time the plastic
strain does not localize into one single channel, and a very



Fig. 9. (a) The collinear reaction: two curved dislocations with the same Burgers vector are gliding in a c channel. After a collinear reaction, dislocation
arms can only move in the same channel and in the same direction (illustrated by the dotted line and the black arrow at a3). (b) Creation of a superjog S:
mobile arms can react with an immobile dislocation to create a superjog (shown by the white arrow at b2). The latter moves in the same direction as the
primary lines, thereby increasing the mobility of the dislocation. (c) Creation of another superjog S: in this case it moves in the opposite direction as the
primary lines, thereby increasing its line length. The newly created dislocation line can then bow out and even act as a dislocation source.
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strong strain hardening is observed. The origin of this
strain hardening is explained in the next section.

In agreement with other simulations on single-phase fcc
crystals [50], the mobility of dislocation lines decorated
with collinear superjogs is different between the two load-
ing cases. As explained in Ref. [50], in the [00 1] case, most
collinear superjogs decorating the dislocation lines are
resistive. They tend to move in the direction opposite to
the main line and must be dragged along by the mobile dis-
locations, thus increasing the flow stress somewhat. They
also increase the rate of dislocation multiplication, because
the long collinear superjogs can act as dislocation sources.
This contributes significantly to the high strain hardening
observed in the [001] case.

4.3. Strain hardening mechanism

In the previous section it was observed that the same dis-
location reactions give very different plastic responses for
the two loading directions. In the [111] case, dislocation
mobility is high and there is no strain hardening. This is
why the localization of plastic strain into one specific chan-
nel can hardly be stopped once it has been initiated. In the
[001] case, dislocation mobility is lower, the multiplication
rate is high and there is significant strain hardening. Given
that forest hardening hardly contributes to the flow stress
(see Section 3.1), the internal stress in the simulated volume
is now analysed in order to identify the dislocation mecha-
nisms that govern strain hardening.

A first hypothesis is that the strain hardening in the
[001] case is an incidental effect of the larger number of slip
systems that can be activated. To test this hypothesis, a
model simulation containing only dislocation loops on
two collinear slip systems A6 and D6 was carried out for
both loading cases. The resulting stress–strain curves are
very similar to the ones obtained with loops on all slip sys-
tems. In addition, the evolution of the total dislocation
density in these simulations has the same tendency as in
Fig. 4. For the [001] case, interfacial dislocations are accu-
mulated around all channels. For the [111] case, only a few
screw dislocations are stored at the interfaces of one chan-
nel. This demonstrates that the observed strain hardening
does not depend on the number of activated slip systems.
Rather, it depends on the manner in which the dislocations
are stored at the interfaces. In the simulations, this orienta-
tion dependence of the dislocation density distribution and
the resulting hardening is obtained when at least two collin-
ear slip systems are activated. The importance of the simul-
taneous activation of collinear slip systems is justified in
what follows.

Next, returning to the massive simulations, the strain
hardening of both orientations can be linked to the internal
stresses created by the dislocations stored at the interfaces.
Fig. 10 shows the internal stress sint in the simulated vol-
ume for both loading cases. This is calculated as the self-
stress field of all dislocations resolved on one ð�111Þ ½110�
active octahedral slip system in an infinite periodic micro-
structure. The images in Fig. 10 are the averages of ten
cross-sections of normal [001], taken at regular intervals
along the entire edge of the simulated volume.

From Fig. 10a, the strain hardening in the [001] case
can be correlated to the high internal stress in the channels.
Analysis of the dislocation dynamics in the active slip
planes shows that the Peach–Köhler force on gliding dislo-
cations is systematically reduced by the stress field of the
dislocations accumulated at the interfaces. The origin of



Fig. 10. The internal stress sint in the simulated c/c0 microstructure for (a) the [001] case and (b) the [111] case.
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this polarized internal stress is that the sign and amplitude
of the Schmid factors on collinear slip systems are identical.
As a consequence, the sign of the dislocations gliding in a
crystal direction and the sign of the dislocations accumu-
lated at a given interface are identical. In addition, with
the elevated multiplication rate (see Section 4.2), the repul-
sive back stress associated to interfacial dislocation rapidly
prevails. This explains why the dislocation dynamics is rap-
idly distributed among the three channels. Dislocations of
screw and ±60� character are then found at the precipite
surfaces.

In the same manner, absence of strain hardening in the
[111] case can be explained by two observations: (i) the inter-
facial dislocation network is not polarized; and (ii) the dislo-
cation density during deformation remains low. The first
point occurs because the Schmid factors on collinear slip sys-
tems are of opposite sign. For a specific line direction of the
long screw segments covering a specific interface, the sign of
the Burgers vector is not unique. As shown in Fig. 10b, this
generates only a low internal stress in the microstructure
which hardly contributes to the strain hardening. The second
point is explained as follows: as a result of the many collinear
reactions taking place inside the channel, a dislocation seg-
ment decorated with an odd number of collinear superjogs
and which remains in the same channel is necessarily con-
nected to two interfacial dislocations with identical signs
(see Fig. 11). For such segments, the length of dislocation
on different slip planes is unbalanced, so they can glide in
the screw direction, but at a constant length of interfacial dis-
locations. These two points explain how the channels can be
easily deformed plastically with hardly any increase in the
dislocation density.

Lastly, it must be noted that the strain hardening is
essentially kinematic in nature because it is mainly con-
trolled by the formation of a polarized interfacial disloca-
tion network. The internal stress in the channels created
during a [001] tensile test would increase dislocation
mobility in a subsequent compression test. More generally,
one can conclude from the analysis of the simulated results
that a strong kinematic hardening is expected in single-
crystal superalloy samples deformed uniaxially in a direc-
tion close to one of the h001i directions. Also, a smaller
and more isotropic hardening is expected in uniaxial tests
where the Schmid factors on collinear slip systems have
opposite signs, e.g. with the tensile axis close to the h111i
or h101i crystal directions.

5. Concluding remarks

Single-crystal superalloys with a high volume fraction of
Ni3Al c0 precipitates, regularly distributed within a matrix
of solution-strengthened NiAl c phase, have outstanding
high-temperature mechanical properties, making them the
designer’s choice for turbine blades. The high-temperature
strengthening of these single crystals has been the subject of
numerous experimental and theoretical studies. The geom-
etry and spatial arrangement of the c0 precipitates and the
narrowness of the c channels between them are known as
the major factors contributing to their strength. For
instance, the flow stress depends on the channel width. Fur-
thermore, due to this particular arrangement, their
mechanical response is very sensitive to the orientation of
the crystal with respect to the external load. Experiments
have shown that the flow stress is higher when loaded in
uniaxial tension along the [00 1] direction than along [11 1].

Many studies have modelled this mechanical response
by using the FE method. However, conventional contin-
uum theory can predict neither the anisotropy nor the size
dependence. Rather, they have to be included a priori, for
instance by explicitly introducing a length scale into the
constitutive descriptions, or by adding additional mecha-
nisms to account for the anisotropy.

In this work, simulations have been carried out contain-
ing an intrinsic length scale, which is the length of the Bur-
gers vector. The numerical discrete–continuous model
solves the equilibrium and compatibility conditions under
complex loading of a dislocated material containing inter-
faces. The objective of these simulations was to reproduce
the macroscopic response for the [001] and [111] cases,
and to analyse the resulting dislocation structures in order
to understand the differences. Precautions have been taken
to obtain realistic initial dislocation microstructures, and
the dislocation analyses have been compared with experi-
ments. The main results are summarized as follows:



Fig. 11. Dynamics of a dislocation line decorated with a collinear superjog, moving in the screw direction. Glide of the line section in the c channel
(including the superjog S) produces plastic deformation, but without variation of the total dislocation length.
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– In accordance with experiment, the macroscopic stress–
strain curve for [001]-oriented specimens exhibits a
strong linear hardening, whereas the stress–strain curve
for the [111] orientation shows a stress drop after an
upper yield point, followed by a low hardening stage.
The difference has been correlated with much less dislo-
cation storage for the [111] case than for the [001] case.
In addition, at small strains forest hardening does not
significantly influence the mechanical response because
it is rendered ineffective by the dislocation–precipitate
interaction.

– DCM simulations have shown that all dislocations are
ultimately stored at the c/c0 interfaces. When the Oro-
wan stress is reached, dislocation loops move through
the channels, bowing out between the precipitates and
depositing dislocation segments at the interfaces. For
the [001] case, these discrete segments have a screw
character or a mixed 60� character, and the interfacial
dislocation network thus created is polarized. For the
[111] case, only two active octahedral glide systems
deposit dislocation segments at the channel walls. These
long parallel screw segments all have the same Burgers
vector. Due to the fact that the two active systems are
always collinear, the number of possible dislocation
reactions is strongly reduced.

– Dislocation structures at the interfaces differ strongly
between both orientations. In an optical microscope, the
dislocation structures appear as deformation bands paral-
lel to the {100} cube planes. In the [001] case, eight octa-
hedral slip systems are activated and a dislocation
network is formed at all six surfaces of the precipitate.
This appears as deformation bands along all three cubic
directions. In the [11 1] case, the dislocation network is
formed only on two interfaces, because the dislocation
dynamics takes place only within one channel. In accor-
dance with experiment, the deformation band is located
within one unique channel. This channel is deformed
almost exclusively by only two slip systems.

– As previously observed experimentally by Bettge and
Österle [9], at the fine scale, zig–zag dislocation configura-
tions are observed. Such configurations are more easily
observed in the [111] orientation because the dislocation
density is lower there, but they exist whatever the loading
axis. These zig–zag configurations are the product of col-
linear annihilation reactions between dislocations in slip
systems having the same Burgers vector. Two kinds of
zig–zag configurations are observed: (i) a series of immo-
bile “V” debris located at the interfaces; and (ii) very
mobile jerky dislocation lines decorated with collinear
superjogs, confined within a channel. The latter are
responsible for the localization of the plastic deformation
and are the main mechanism for the easy glide observed in
the [111]-oriented specimens.

– During the localization of the plastic deformation in the
[111] orientation, long segments with the same Burgers
vector but with opposite line vectors are deposited at the
interfaces. These geometrical configurations are not
polarized at interfaces and so do not create long-range
internal stresses. In addition, the high mobility of super-
jogs within the deformed channel increases the possibil-
ity of annihilation of these long interfacial segments,
thus explaining the reduction of the dislocation storage
rate during deformation. Hence, the absence of harden-
ing in the [111]-oriented specimens is caused by the
diminishing evolution of dislocation density and the
absence of long-range internal stress.

Guidelines to improve the constitutive laws for c/c0 sin-
gle crystal superalloys used in continuum modelling can be
deduced from the simulations. Many crystal plasticity
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models use additional cubic slip systems in order to capture
the tensile anisotropy between the [001] and the [111] case
phenomenologically. At a macroscopic scale this assump-
tion is justified by the presence of deformation bands along
the cubic directions. However, at lower length scales or
(presumably) for more complex loading cases this is no
longer valid. Moreover, such a simplification is not needed
for large-scale computations:

– In the [001] case, the storage of dislocations into a
polarized interfacial network can be modelled by consid-
ering the polar/excess/geometrically necessary disloca-
tion density. Most of the dislocation density is
concentrated at the interfaces instead of into pile-ups.
It can then be supposed to be concentrated at a singular
surface and be measured by the surface dislocation den-
sity tensor defined by Nye [53].

– Concerning the strain hardening, forest hardening can
be neglected and only the long-range internal stresses
generated through the Nye tensor should be taken into
account. The expressions of internal stresses can be cal-
culated by Green’s functions or by Fourier series,
because the microstructure can be approximated by an
infinitely extended cuboidal microstructure.

– The anisotropy of the strain hardening is essentially
determined by the nature of the dislocation network at
the interfaces. For the [111] case, the interfacial disloca-
tions are not geometrically necessary, in contrast to the
[001] case discussed above. In order to capture this dif-
ference, the sign of the Burgers vector of each interfacial
dislocation should be taken into account explicitly. One
way to do this is to split the usual 12 octahedral systems
containing dislocations of both signs into 24 systems
containing dislocations of only one sign. Then, depend-
ing on the sign of the Schmid factor, one specific inter-
facial dislocation may have (for instance) a positive
sign of the Burgers vector in the [00 1] case, whereas
the same dislocation will have a negative sign in the
[111] case [54]. The net effect is a different macroscopic
response for the two cases.

The latter points have been taken into account in the
enrichment of a dislocation density-based micromechanical
model developed previously by Fedelich [16]. This will be
published in a forthcoming paper [24].
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