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ABSTRACT

A distinction is made between uniform dislocation microstructures found in deformed materials where
the dislocation mobility is thermally activated and non uniform microstructures obtained in conditions
where the almost athermal dislocation-dislocation interactions govern plastic flow. The former case is
illustrated by a study of forest hardening in b.c.c. crystals at low temperature and shows how the lattice
friction on screw dislocations induces a relationship between flow stress and dislocation density that
differs from the one observed in f.c.c. crystals. The latter case is more complex. It is discussed with
reference to mesoscopic simulations of dislocation dynamics and interactions in f.c.c. crystals. It is
shown that in the early stages of deformation, both in monotonic and cyclic deformation, dislocation
storage is directly related to the cross-slip mechanism and cannot occur in its absence. Then, strain
hardening and dislocation patterning are related, since both derive from dislocation storage. Finally,
some present trends in the modelling of patterning phenomena are briefly discussed, leading to the
conclusion that a possible way for improving the present understanding resides in a combined
experimental, numerical and theoretical investigation of the emergence of dislocation patterns at small
strains.

1. INTRODUCTION

Depending on the material considered and the experimental conditions, the dislocation microstructures
observed after plastic deformation may or may not exhibit a spontaneous tendency to self-
organisation. In the former case, it is possible to derive dislocation-based models of strain hardening
by just considering local representative configurations. In the latter case, dislocation-based theories of
strain hardening often involve phenomenological evolutionary laws for the spatially averaged density
of stored dislocations. Although such descriptions do not account for patterning phenomena, they
yield a quite reasonable picture of the single crystal behaviour. Any attempt to derive a more physical
approach of strain hardening directly from dislocation theory involves an understanding of the spatial
arrangement of the dislocation microstructure and of its strain dependence. It is commonly believed
that such a theory will never exist, mainly because large strain processes are too complex to be handled
at dislocation level. Nevertheless, different types of models have been proposed over the years to deal
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with the phenomenon of dislocation patterning, or more specifically with a few idealised types of
patterns found at low temperature and small strain. To sum up a long evolution, the bases of these
models have gradually departed from equilibrium thermodynamics towards more physically founded
approaches involving non linear dynamics far from equilibrium. In spite of repeated claims that the
question of patterning has been solved, there is a widespread feeling that the current insight into this
problem has not substantially progressed in the last years. The reason is possibly that the frameworks
that have been imported from other fields or the analogies that have been made to explain patterning
(e.g. with spinodal decomposition, the reaction-diffusion frame, certain types of phase transitions) are
often seen as ad hoc formulations. As a consequence, our present understanding "lacks substance and
is merely 'smoke and mirrors'"(Argon 1999).

The objective of this article is not to present a full account of the past and present literature on
dislocation patterning (see Kubin (1993, 1996) for extensive reference and discussion), nor to provide
one more sweeping explanation for it, nor to review an extensive literature on strain hardening. Instead,
two points are emphasised. One is that the strain hardening properties of materials with uniform
microstructures require a specific type of modelling. The other is that a better understanding of
dislocation patterning could be obtained by focusing on the early stages of the phenomenon, i.e., on
the transition from uniform to non-uniform dislocation microstructures at small strains. Indeed, in this
range, one can take advantage of the possibility to combine experiment, modelling and simulation. In
section 2, a necessary condition for patterning to occur is discussed in terms of elementary dislocation
properties and experimental conditions. The relation between elementary dislocation properties and
hardening in materials with uniform dislocation microstructure is then illustrated by a case study on
b.c.c. metals at low temperatures, which combines numerical simulation and modelling. In section 3, an
account is given of the contribution of mesoscopic simulations to the understanding of the
mechanisms that govern both the formation of dislocation patterns and the strain hardening properties
in f.c.c. crystals. Finally, a short critical discussion is given in section 4 of some general questions
related to dislocation microstructures and their relation to strain hardening.

2. IS DISLOCATION PATTERNING A FATALITY ?

2.1. Athermal vs. effective stresses. Constitutive only single crystals of pure materials, there is a
general agreement on the obvious fact that patterning is a collective phenomenon triggered by
dislocation interactions. The latter are of two kinds, long range elastic stresses and contact interactions,
i.e., intersections. A convenient global measure of the dislocation-dislocation interaction is the so-
called athermal stress, τµ. Indeed, long range elastic stresses cannot be overcome by thermal activation
owing to the large spatial extent of these barriers, while the destruction of junctions involves such a
large activation energy that it is only weakly activated. If we now consider the simple case of a
dislocation moving in a crystal under the effect of a uniform applied stress τa, its effective stress is by
definition τ* = τa+ τµ, where the internal stress τµ fluctuates in time and space. When there is a large
density of strong and small obstacles opposed to dislocation motion, we have τ* ~ τa. In such
conditions, the thermally activated dislocation mobility governs the flow properties and, since the
dislocation-dislocation interaction is comparatively weak, no patterning occurs. Well-known examples
of such situations are found in crystals containing large densities of point defect clusters or small
precipitates, and particularly when the obstacle is the crystal lattice itself. The resistance opposed to
dislocation motion by the crystal lattice may stem from either the non-metallic nature of bonding, as in
covalent d.c. crystals, or from a three-dimensional extension of the dislocation cores, as is the case for
screw dislocations in b.c.c. crystals and in some h.c.p. crystals like Ti or Zr.

Inversely, one expects to observe patterning when the dislocation-dislocation interaction governs the
average dislocation mobility, as is the case in f.c.c. crystals. One then has τµ ~ τa. In addition, dynamic
recovery may induce a thermally activated relaxation of the athermal component of the flow stress and
its influence on patterning deserves a particular discussion (cf. section 3). As there are two types of
dislocation interactions, long ranged and short ranged (i.e., contact interactions), one may also wonder
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whether or not one of them plays a dominant role in the formation of dislocation patterns. The fact that
patterning is inherently associated with a high intrinsic mobility of the dislocations is illustrated by Fig.
1 which shows two simulated distributions of dislocation velocities, one in a f.c.c. crystal (Fig. 1-a), the
other in a b.c.c. crystal (Fig. 1-b). In the case of the copper crystal, the distribution is spread over 4
decades, even more in the reality since a truncation has been introduced at high velocities. This reflects
the heterogeneity of the microstructure and the jerky nature of dislocation motion through forest
obstacles. In the case of the screw dislocations in a tantalum crystal, the width of the distribution is
much narrower. Actually, the dispersion is not due to the elastic interactions of dislocations but to the
fluctuations of the free-length of the screw dislocations between forest obstacles. Indeed, as shown
below in eq.1, dislocation velocity is proportional to this free-length in the regime of high lattice
friction.
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Fig. 1. Semi-logarithmic histograms of dislocation velocities, drawn from mesoscopic
simulations. a) - [100] model copper crystal under load after a shear strain γ = 6x10-3, under a
constant applied strain rate of 50 s-1 at 300 K (the weak strain rate sensitivity of f.c.c. crystals
allows to make use of rather high strain rates). b) - Model Ta crystal in easy glide after a shear
strain γ = 2x10-2, under a constant applied strain rate of 5x10-5 s-1 at 100 K. The vertical lines
indicate the average velocities expected from Orowan's law (after Kubin, Devincre and Tang
1998).

2.2. Transitions. Transitions from uniform to non uniform microstructures can occur in different
ways. They are favoured by either a decrease of the thermally activated glide resistance or by an
increase of the athermal component of the glide resistance, τµ. For instance, considering the examples
of b.c.c. or d.c. crystals, the activation energy for the kink pair mechanism is entirely provided by
thermal activation at a certain temperature, Ta, which is called the athermal temperature. When this
temperature is crossed from the low temperature side, the ratio τ*/τµ gradually changes from values
larger than 1 to values smaller than 1. In parallel, characteristic three-stage hardening curves and
dislocation patterns progressively emerge. α-Fe provides a nice example of such behaviour since its
athermal temperature is close to room temperature (cf. Fig. 2-b). The same effect can be obtained by
decreasing the strain rate at room temperature.

In the same way, if a material with large lattice friction is deformed up to large strains, the athermal
component of the flow stress increases continuously since the total dislocation density increases with
strain. Again, a point can be reached where a transition occurs. This is illustrated by Fig. 2-a which
shows a dislocation microstructure obtained during the in situ straining of α-Fe at 180 K, in which
both straight screw segments and clusters of stored dislocations can be seen. In the early work by Keh
and Weissmann (1963), it is shown by Transmission Electron Microscopy (TEM) observations that
the transition from a uniform dislocation structure to a cell structure occurs at a critical strain that
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decreases with increasing temperature (cf. Fig. 2-b). Such behaviour is easily understood by
considering that the athermal stress increases with increasing strain while the thermal stress decreases
with increasing temperature. This explains why, in ductile materials with large lattice friction, the
formation of dislocation patterns occurs during cold working.

Fig. 2. a) - Dislocation microstructure in a thin foil of α-Fe during in situ straining at 180 K.
The occurrence of dislocation clusters, in addition to two sets of straight screw dislocations,
indicate that a pattern is emerging. b) - Transition between uniform and cellular dislocation
structures in α-Fe as a function of strain and temperature (after Keh and Weissmann 1963).

2.3. Hardening in non-patterning materials : b.c.c. crystals at low temperature. Such situations may
look rather simple, since long range stresses statistically average out so that only elastic interactions
between nearest neighbours or intersections have to be accounted for. Actually, the fact that one has to
deal with dislocation mobilities governed by the core structure may induce some complexity.
Numerical simulations can deal with such situations and we consider here more particularly the case of
b.c.c. crystals at low temperatures. Other situations that have been recently investigated by numerical
simulations are concerned with Ni3Al (Devincre, Veyssière and Saada 1999) and silicon crystals
(Moulin, Condat and Kubin 1999). The reader is referred to Tang, Kubin and Canova (1998) for detail
about the simulations of dislocation dynamics and interactions in b.c.c. crystals at low temperatures.
Here, we focus on a model for forest hardening that derives from such simulations (Tang, Devincre
and Kubin 1999).

As a consequence of their three-dimensionally extended core structure, screw dislocations have a low
intrinsic mobility in b.c.c. metals (Duesbery and Vitek 1998). This thermally activated mobility is
described by the kink-pair mechanism, according to which the velocity vs of a screw dislocation
segment of length L is given by an Arrhenius rate equation (Kocks, Argon and Ashby 1975)

v L H kTs s∝ −exp[ ( / )]*∆ τ  . (1)

The activation enthalpy ∆H depends on the effective stress on screw dislocations, τs*, and on the
absolute temperature via the Bolztmann factor kT. Non-screw dislocations, in contrast, are extremely
mobile, much like in f.c.c. crystals. This difference in mobilities between screw and non-screw
dislocations explains the current observation of elongated screw segments in the dislocation structures
of b.c.c. metals at low temperature.
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In the literature dealing with the deformation of b.c.c. crystals at low temperature, one finds only few
studies attempting to address the question of strain hardening (Louchet, Kubin and Vesely 1979;
Rauch 1994). In this low temperature regime, a gliding screw dislocation is blocked only locally by its
interaction with a "forest" dislocation. This is due to the fact that kink pairs are produced continuously
between the pinning points, as schematically illustrated by Fig. 3. As a consequence, most of the
dislocations are mobile and the storage rate is very small. Therefore, hardening is not associated with
dislocation storage, as is the case for f.c.c. crystals, but with the interaction of gliding dislocations on
different slip systems. Strain hardening can then be modelled in two steps. The first step consists of
calculating forest hardening, i.e., the increase of flow stress associated with an increase of forest
density. The second step involves the modelling of the density of the forest as a function of strain. We
consider here the first step, looking at the propagation of a screw dislocation line across a random
distribution of forest obstacles.

L

Xc

θc

bR

Fig. 3. Schematic drawing of the configuration of a screw dislocation line pinned at its two
ends by strong forest obstacles. The initially straight line reaches a critical configuration after
having moved a distance Xc, which corresponds to a critical angle θc. The Xc /b kink pairs
produced during this process pile-up at the forest obstacles, producing two curved non-screw
segments.

Figure 3 shows how a screw dislocation overcomes strong forest obstacles, in practice attractive
junctions, in a b.c.c. crystal. Between the obstacles, the dislocation line of length L moves by kink pair
nucleation and the elementary kinks pile-up at the junctions, forming two curved non-screw segments.
After the screw segment has moved by a certain distance, a critical configuration is reached such that
the junctions become mechanically unstable and are destroyed by an unzipping mechanism, like in
f.c.c. crystals. This critical configuration can be characterised by a critical angle θc or, equivalently, by
the critical length Xc travelled by the screw segment (cf. Fig. 3). This last parameter is actually the most
convenient one. In the line tension approximation, the line tension on the non-screw segments is
equilibrated by the local stress, the latter being practically the same as the applied stress. Then, we have

X
b

c
a

≈ β
µ
τ

 . (2)

The validity of this expression can be checked with the help of measurements extracted from in situ
TEM deformation experiments (Louchet et al. 1979). This provides, in addition, an estimate of the
obstacle strength (typically, β = 0.43 for Nb and 0.38 for Ta).

From Fig. 3, we can deduce two mechanisms of strain hardening. An increased density of forest
obstacles reduces the screw dislocation velocity by decreasing its free-length L (cf. eq. 1). In
conditions of constant applied strain rate, this must be compensated by an increase of the effective
stress. A second contribution to hardening, τΓ , stems from the line tension stress acting on the screw
segments due to the bent non-screw portions. This is written in the form τΓ = -kµb/L, where k is,
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strictly speaking, not a constant as it incorporates a logarithmic term, µ is the shear modulus and b the
magnitude of the Burgers vector. Combining these two contributions, the total hardening can be
expressed in terms of the length of the screw segment

∆τ µ= +S Ln L L k b Lo o( / ) /  . (3)

The first term represents the free-length effect. It appears in logarithmic form, as the length enters the
prefactor of the stress vs. velocity law of eq. 1. This contribution is obtained by expanding the
Arrhenius form around a reference state characterised by screw segments of large length Lo and a
vanishingly small obstacle density. So is the strain rate sensitivity of the material at the considered
temperature. The second term in eq. 3 represents line tension hardening. To introduce the forest
density into eq. 3, one has to make use of a geometrical relationship (Louchet et al. 1979), that can be
derived in simple terms from Fig. 3

LXc f= 1/ ρ  . (4)

This relation is obtained simply by assuming that the area enclosed below the screw segment is
approximately rectangular, a valid assumption at low temperature where L >> Xc. Assuming a steady
state motion of the screw dislocation, the area associated to each critical event, LXc is equal to the area
associated with one forest obstacle,1/ρf. This hypothesis is similar to the one made in the "forest
model" for f.c.c. crystals (Friedel 1964): as the dislocation line moves with a constant average velocity,
the lineal density of pinning points is a constant and each unpinning event is immediately followed by
a pinning event. This relation is fairly well verified by mesoscopic simulations, as illustrated by Fig. 4.
In particular, it does not depend on whether or not a length-dependence is introduced in the stress vs.
velocity law of eq. 1 (cf. fig. 4-b).

If l is the average distance between pinning points, eq. 3 can be rewritten in the form LXc = l 2. This
illustrates the difference between b.c.c. crystals at low temperature and f.c.c. crystals. In the latter, it
follows from the isotropy of the dislocation velocities that L, Xc and l = ρf

-1/2 are of same order of
magnitude. Then, from eq. 1 the flow stress is proportional to the square root of the dislocation
density.  In the former, the flow stress is not governed by forest interactions and, as it is large, one has
Xc << l . It follows that L >> l , i.e., the moving line is pinned by forest obstacles which are distant
neighbours. As a consequence, the usual relationship between stress and the square root of the forest
dislocation density is no longer valid, all the more as the temperature is low and the flow stress is high.

Combining eqs. 2 to 4, and after some manipulation,  (cf. Tang et al. 1999), the forest hardening is
obtained in the form

∆τ µ µ ρ ρ µ τ ρ ρ/ ( / ) ( / ) ( / )= +S Ln ko f fo ao o f  . (5)

The terms τao and ρfo represent, respectively, a reference stress and density, the former quantity being
temperature and strain rate dependent. ρo is a scaling density that depends on obstacle strength. Thus,
strain hardening is made up of two contributions, the respective weight of which depends on strain rate
and temperature, via the strain rate sensitivity So and the reference stress τao, and on the density of
forest obstacles (cf. Tang et al. (1999) for more detail). At high temperatures the free-length
contribution, which is inherently associated with the kink pair mechanism, vanishes together with the
strain rate sensitivity, while the line tension contribution merges into the usual form valid for f.c.c.
crystals. At medium temperatures, the linear line tension contribution becomes larger than the
logarithmic free-length term for large forest densities. These effects are illustrated by Fig. 5 which
shows typical evolutions of the forest hardening with temperature at a fixed forest density and with
forest density at a fixed temperature.
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Fig. 4. a) - Simulation of the motion of a screw dislocation line in a {110} slip plane, through
a random distribution of forest trees at T = 160 K. The forest trees are secondary screw
segments which appear as point-like defects in the two-dimensional cut. The simulated area, of
dimension 84x60 µm2, contains 12000 obstacles corresponding to a volume density of
2.4x1012m-2. In average the dislocation line remains parallel to its initial screw direction but
has some roughness at a finer scale, through its local interactions with hard forest obstacles.
b) - Check of the geometrical relation LXc = 1/ρf between the forest density ρf and the average
values of the free-length L and of the critical length Xc. The triangles and circles correspond to
measurements drawn from simulations performed at T = 160 K and 215 K, respectively.
Filled and open symbols correspond to measurements performed with and without a length-
dependence in the velocity law of eq. 1.

This model shows that the superimposition of the two mechanisms of lattice friction and forest
hardening can be worked out in simple terms. While model and simulation cross check each other
rather well, there are unfortunately very few experimental investigations of the dislocation density vs.
stress or strain in b.c.c. crystals with which a comparison could be performed. The results of Keh and
Weissmann (1963) on α-Fe, which seems the be the only ones available, just indicate that the usual
square root relationship between flow stress and dislocation density is probably no more valid at low
temperature.

Finally, going from forest hardening to strain hardening is not trivial. In b.c.c. crystals, the non-screw
dislocation segments initially present in the microstructure can move over large distances under
relatively low stresses, trailing sessile screw segments on several slip systems. This is the so-called
stage 0, during which the density of screw dislocations continuously increases, while all the strain
(which can be of the order of 10-2) is carried out by the non-screw segments. This stage ends when the
screw dislocations become mobile, at which point the density of screws, hence of forest obstacles, can
be substantially larger than the initial one. During further straining, dislocation multiplication involves
the operation of dislocation sources with a frequency of loop emission that is governed by the
thermally activated motion of the screw segments. This may lead to multiplication laws that are
different from those commonly used for f.c.c. crystals, as exemplified by a recent simulation study on
silicon crystals (Moulin et al. 1999).
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Fig. 5. Forest hardening in tantalum and the two contributions from free-length effect, ∆τL,
and line tension, ∆τΓ , as a function of : a) - forest density at 160 K, and b) - temperature for a
forest density of 1013 m-2. Notice the cross-over between the two contributions.

3. PATTERNING IN MONOTONIC DEFORMATION

3.1. Numerical experiments in multislip conditions. We focus here on the early stages of dislocation
patterning, i.e., on the emergence of simple patterns, in monotonic and cyclic deformation and at small
strains (below 1%). Such situations can now be investigated by mesoscopic simulations. The reader is
referred to Kubin et al. (1992) and Devincre (1995) for detail about the simulation technique itself.
Here, it is sufficient to enumerate the main dislocation mechanisms or properties that are incorporated
in such simulations, viz. the slip geometry, the formation and destruction of junctions, the cross-slip of
screw dislocations under a local probabilistic stress criterion, long range elastic interactions stresses
between all the dislocations, line tension effects and a dislocation mobility law of the viscous drag type.
Two mechanisms are not accounted for, the formation of kinks of atomic height at dislocation
intersections and the local lattice rotations associated with dislocation glide. In what follows, the elastic
constants and the dislocation input properties are those of copper or aluminium at room temperature.
In particular, the parameters entering the cross-slip probability are adjusted to represent a material with
either low or high stacking fault energy, according to the data available in the literature (Bonneville,
Escaig and Martin 1988). In what follows, all simulations are performed at room temperature. This
means in practice that the value T = 300 K was introduced in the Boltzmann factor defining the cross-
slip probability. In this part we first recall results obtained in monotonic deformation, in order to
discuss them in parallel with tests performed in cyclic deformation.

The simulations are started with a random initial distribution of dislocation sources, a model
aluminium crystal being deformed with a constant applied strain rate along a high symmetry axis
([100] in the present case). Non-random dislocation configurations are obtained quite early, typically
after shear strains of the order of 0.5 %. This is illustrated by Fig. 6-a which shows a thin section of
the dislocation configuration in a deformed model crystal of size (15 µm)3. This microstructure is
made up of elongated dislocation tangles, approximately oriented along the <110> diagonals at the
intersections of the active slip systems. These tangles enclose one dislocation-poor area in the centre
and several satellite ones in the periphery. Although structures like the one shown in Fig. 6-a resemble
the fuzzy cell structures recorded in multiple slip at small strains, they are not fully three-dimensional
and should only be considered as an embryonic stage of cell structure formation. An important
property of these tangles is that they are "stable ", in the sense that once they have appeared, they
further evolve but are not destroyed, at least within the small strain range investigated here. Fig. 6-b,
that will be discussed below (cf. section 6.3.), shows the internal stress mapping corresponding to the
microstructure of Fig. 6-a. In parallel, the density of both mobile and immobile (or stored) dislocations
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increases with strain (cf. curve B of Fig. 7-a), while a stress-strain curve exhibiting strain hardening is
obtained (cf. curve B of Fig. 7-b).

a b

Fig. 6. a) - Thin (111) slice (thickness 1 µm) extracted from the simulated dislocation
structure of a [100] aluminium crystal after deformation. b) - The corresponding mapping of
the internal shear stress field resolved in the same plane. The internal stress is of same sign as
the resolved applied stress in the regions with black contrast and of different sign in the
regions with white contrast (after Devincre and Kubin 1997).

Fig. 7. Dislocation density vs. shear strain (a) and shear stress vs. shear strain (b) during the
simulated deformation of an aluminium crystal (same conditions as in Fig. 6). The curves
labelled A and B were obtained by switching the cross-slip probability off and on,
respectively.

The cross-slip mechanism can be removed from the simulation by setting the cross-slip probability to
zero. As a result, no permanent organised structure, in the sense defined above, is formed and no
dislocation storage occurs in the crystal. After a transient stage, the imposed strain rate is produced by
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a constant density of mobile dislocations and the recorded stress adjusts itself to a value such that a
sufficient number of forest obstacles can be overcome. The dislocation density saturates under the
adverse effects of dislocation multiplication and dislocation loss at the surface of the simulated crystal
(cf. curve A of Fig. 7-a). As a consequence, the strain hardening coefficient also saturates in the
absence of storage (cf. curve A of Fig. 7-b). The global conclusion drawn from these numerical
experiments is that permanent organised microstructures like the one illustrated by Fig. 6-a can only
be formed in the presence of cross-slip.

3.2. Role of cross-slip. These results can be interpreted by reference to Kocks (1985) model for areal
glide. When a gliding dislocation moves through a static distribution of forest obstacles, it may
encounter "hard spots", i. e., impenetrable configurations consisting of a large local density of hard
forest obstacles that must be by-passed by Orowan looping. Orowan loops are then formed which are
called "concave" loops because they bend inwards between the pinning points that hold them. In
Kocks (1985) model, the high local stresses are assumed to be further relaxed by the onset of
secondary slip, so that the immobile loops progressively develop into clusters incorporating primary
and secondary dislocations that extend in three-dimension and ultimately evolve to form a cell
structure.

This model goes against a conclusion drawn from early T.E.M. observations according to which a cell
structure cannot develop in the absence of cross-slip, i.e., in conditions of purely planar glide (Hirsch
1975). Indeed, when simulations of areal glide are performed in the absence of cross-slip, the Orowan
loops that are occasionally formed are observed to collapse under the effect of their self-stresses
(Devincre and Kubin 1994). This fully explains the lack of storage and strain hardening recorded
during the three-dimensional simulations of multislip in purely planar conditions.

In simulations of areal glide performed in the presence of cross-slip, two phenomena occur in the high
local stress field of the gliding segment. The gliding segment can undergo double cross-slip, which
results in dislocation multiplication and increases the density of the forest obstacles. The Orowan
loops can be transformed into three-dimensional, immobile debris through the cross-slip of their screw
portions. These debris, then, can play the role of anchoring points from which an organised
microstructure further emerges. From this, it can be concluded that the role of cross-slip is to induce
irreversibility and storage. It must be mentioned that cross-slip being stress-assisted, it only relaxes the
local peaks of internal stress. In other words, it is a mechanism of dynamic recovery. Thus the idea
according to which patterning is associated with dynamic recovery by cross-slip (Jackson 1985) does
make sense in this domain of low and medium temperatures.

To further investigate the influence of dislocation interactions on pattern formation, two types of
complementary numerical experiments can be imagined. The process of junction breaking can be by-
passed by setting the junction strength to zero, so that only elastic interactions remain. Alternatively,
the elastic interactions of the dislocations can be removed, except in a very close neighbourhood, while
the junction strength is unaltered. Such numerical experiments require lot of care and will be discussed
in a forthcoming publication. Finally, it is also worth noticing that local rotations play no role in the
formation of the observed pattern, as they are not accounted for in the simulation.

4. PATTERNING IN CYCLIC DEFORMATION.

4.1. Simulation of cyclic deformation. The dislocation structures formed during the low amplitude
cyclic deformation of f.c.c. crystals oriented for easy glide have been extensively documented in
several reviews (Mughrabi 1980; Laird 1983; Basinski and Basinski 1992). They consist of veins and
channels (the matrix structure), of walls and channels (the PSB structure) and of cell structures. The
occurrence of each structure corresponds to a transition from one stage to the next in the cyclic stress
vs. strain curve. The domain of low cumulated strains, which is of interest here, is characterised by a
strong cyclic hardening (Laird 1983). Elongated dislocation clusters, that are precursors of the
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dislocation walls, are formed relatively early, for instance after 4.5 cycles with a plastic strain amplitude
of ± 7.5x10-4 in copper at room temperature (Hancock and Grosskreutz 1969). The clusters and walls
actually consist of bundles of small, elongated prismatic loops in which longer individual edge
segments are embedded. The presence of such dipolar loops in the dense vein or wall arrangements
has been noticed in many early studies on copper crystals (cf. for instance Grosskreuz and Mughrabi
1975) and has recently been the object of a detailed T.E.M. investigation in nickel crystals (Tippelt,
Bretschneider and Holste 1996; Bretschneider and Holste 1998). In addition, there is also
experimental evidence for a significant production of jogs and dislocation debris during the cyclic
hardening stage. All these features are thought to result from mechanisms involving cross-slip and
double cross-slip events and the resulting formation of jogs on the non-screw dislocation lines
(Grosskreuz and Mughrabi 1975).

Fig. 8. Weak-beam micrograph showing the typical dislocation arrangement in the matrix
bundles of nickel crystals after cyclic deformation (After Tippelt et al. 1996). Notice the large
density of small, elongated dipolar loops. The deformation temperature is 300 K, similar
structures are found in the temperature range 77-750 K.

The modelling of such microstructures involves, in a first step, explaining the formation of the small
dipolar loops and, in a second step, explaining how the latter coalesce to form the clusters from which
patterning emerges. Simulations were conducted in copper crystals, with one active slip system, the
cross-slip mechanism being alternatively switched on or off, like in the previous section. In such
conditions, dipolar trapping is the only mechanism that can contribute to dislocation storage. Fig. 9
shows the results obtained after 3 cycles with a plastic strain amplitude of 4x10-5.

Fig. 9-a shows the initial microstructure that consists of a distribution of source segments of screw
character and two microstructures obtained at the end of the third cycle (i.e. under zero applied stress),
with and without cross-slip. One can see that the final structure departs significantly from the initial
one when cross-slip is present and much less when it is absent. In parallel, the recorded cyclic stress-
strain curves enclose a larger area in the presence of cross-slip (Fig. 9-b, right), which is an evidence
for increased slip irreversibility. In the presence of cross-slip, annihilation occurs first, accompanied by
softening, and a small hardening occurs in the last cycle (cf. Fig. 9-b). The cyclic evolution of the total
dislocation densities follows the same trend and are shown in Figure 9-c. In the absence of cross-slip,
the dislocation density evolves practically in a reversible manner and, after a small transient, the cycles
are practically superimposed (Fig. 9-c, left). The evolution during cycling with cross-slip is more
difficult to read from Fig. 9-c (right). The maximum density decreases first because of the annihilation
of screws and eventually increases, while the density at zero stress continuously increases with cycle
number. Therefore, like in monotonic deformation, cross-slip promotes slip irreversibility, dislocation
storage and, hence, hardening.
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a

Fig. 9. Simulation of the cyclic deformation in a copper crystal with one active slip system
(plastic strain amplitude ±1.2x10-4). A (111) cut of the simulated cube, of size 5 µm, is shown.
The output obtained without and with cross-slip is shown in the left and right columns,
respectively.  a) - Initial microstructure consisting of screw segments (centre) and
microstructures at the end of the third cycle. b) -Cyclic stress-strain curves. c) - Dislocation
density vs. plastic strain.

The reason for this behaviour becomes apparent when looking into the detail of the evolution of the
simulated microstructure. In the absence of cross-slip, what is observed is the unzipping during each
half-cycle of most of the dipoles that have been formed during the previous half-cycle, as illustrated by
Fig. 10 (see also Devincre and Kubin 1997). During this process, the non-screw dislocation segments
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that are connected to the dipole remove it by moving sideways under the effect of the local stress. This
mechanism is analogous to the one by which dislocation junctions and locks are destroyed in
monotonic deformation (Bulatov et al. 1998).  It is illustrated by Fig. 10, which shows snapshots from
a simulation performed in conditions similar to those of Fig. 9.

a b c

v

Fig. 10. Snapshots from a simulation of cyclic deformation in a slab of thickness 5 µm. a) -
An edge dipole is formed (arrow). b) - During the next half-cycle, the dipole starts unzipping
from the left. c) - After unzipping, the two parent dislocations move away from each other.
Notice the change in their curvature.

Cross-slip introduces irreversibility by inducing the storage of debris before stress reversal occurs.
The simplest mechanism observed in the simulation involve the annihilation of the connecting arms of
a dipole (cf. Devincre and Kubin, 1997). This is illustrated by Fig. 11, which shows the formation of
an elongated prismatic dislocation loop after two successive cross-slip events at the extremities of a
dipole. This mechanism is not unique and several additional processes involving e.g. jog dragging or
the interaction of jogged dislocations are also observed. Nevertheless, the notion that storage and
irreversibility are not possible in the absence of cross-slip also applies to cyclic deformation, as was
suggested by Brown (1991).

4.2. Stability of dipolar structures. As can be shown by the simple calculation that follows, the
unzipping process does occur at a stress smaller than the one required to break an infinite dipole. The
critical stress for destroying a dipole of height h, which is traditionally used in all the calculations of
the evolution of dipole populations (Differt and Essmann 1993; Tippelt, Bretschneider and Hähner
1998), is written τp=µb/[8πh(1-ν)]. To estimate the unzipping stress, we consider the elastic energy
Wo gained per unit line length when forming a dipole of length L, whose short arms have a length h√2
at equilibrium

W b Ln L b Ln h b b Ln L ho = − =( / )[ ( / ) ( ) / ] ( / ) ( / )µ π µ π2 24 2 2 2 2 2  . (6)

The dipole is connected to two interacting dislocation loops (cf. fig. 9-a) and we assume that L is also
the average length of the connecting arms. Unzipping occurs when the effective stress on a connecting
parent arm reaches a critical value τu such that the mechanical work, τu bL per unit length of dipole, is
able to match Wo. Hence

τ µ πu b L Ln L h= ( / ) ( / )2 2  . (7)

The ratio of unzipping to passing stresses is written in the form

τ τu p h L Ln L h/ ( / ) ( / )= 8 3 2  . (8)
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One can check easily that the unzipping process is always favoured, particularly for very small and
very large values of the aspect ratio h/L. Dipole tearing off, which is a typical feature of two-
dimensional models, seems then unlikely to occur in realistic 3-D conditions.

a b c

d e

v

v v

v v

Fig. 11. Snapshots from a simulation of cyclic deformation performed in conditions similar to
those of Fig. 9. a) - A dislocation segment of screw character drags two jogs (arrows). b) and
c) - The same dislocation interacts with an incoming dislocation to form a dipole. d) - After a
complex process involving the interaction with another dislocation, recombination by cross-
slip occurred at one end of the dipole. e) - Annihilation by cross-slip occurred at the other end,
leaving a dipolar loop which rotates in its glide cylinder towards the edge orientation.

Dipolar loops are, as a rule, more stable than infinite dipoles. For a small dipolar loop whose long and
short arms have lengths l and h√2 , respectively, one has in first approximation to consider two
processes that occur in parallel, the critical bowing out of the long arms and the passing stress of the
latter. For typical values l ~  60 nm and h ~  3 nm, as measured at 300 K in nickel, (Bretschneider and
Holste 1998), the Frank-Read stress, τFR = [µb/(4π(1-ν))]Ln(l/b) is of same order as the passing
stress (about 5x10-3 µ). How these two processes are effectively combined under stress is not easy to
calculate. Numerical simulations indicate, however, that for such loops, the critical destruction stress is
about 10-3 µ , i.e., close to the sum of the passing and bowing out stresses. As a consequence, the
dipolar loops could be too stable to be destroyed under stress in the dislocation walls, which is at
variance with a current assumption (cf. e.g. Differt and Essmann 1993; Tippelt, Bretschneider and
Hähner 1998).

4.3. The sweeping mechanism of dislocation patterning. The mechanisms by which dipoles or dipolar
loops are moved and cluster during cyclic deformation have been the object of several dynamic
models. A first attempt based on the reaction-diffusion frame (Walgraef and Aifantis 1985) had the
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ambition of recovering the whole succession of patterns met in the cyclic deformation of f.c.c. crystals,
but had some weaknesses in terms of the description of dislocation processes. In particular, the fact
that a dipole is moved only by stress gradients and not by stress was not taken into account. Two other
dynamic models are based on more plausible mechanisms. One is the "drift model" (Kratochvil and
Libovicky 1986) that involves a drift of the dipolar loops under the stress gradients produced by local
fluctuations in dislocation density, thus reinforcing these fluctuations. The other is the "sweeping
model" (Kratochvil and Saxlova 1992) that derives from an earlier work dealing with the formation of
channels in irradiated materials (Sharp and Makin 1964). In such models, it is assumed that the dipolar
loops are swept along their glide cylinder by their elastic interaction with neighbouring gliding
dislocations.

Fig. 12. Elastic interaction of a spiral source, of initially screw character, with an initially
random distribution of dipolar loops, of same Burgers vector and of vacancy or interstitial
type in equal numbers. The dimension of the dipolar loops is 1µmx0.1µm. After one rotation
of the source, a channel is formed parallel to the edge direction.
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A simulation of the sweeping mechanism is illustrated by Fig. 12 where a spiral source, of initially
screw orientation, rotates and interacts with small dipolar loops of same Burgers vector, both vacancy
and interstitial. The loops are initially distributed at random above and below the slip plane of the
source, at distances d in the range ± (2.5-5 h). Such distances are within the domain where sweeping is
theoretically predicted (Kubin and Kratochvil 1999). After one rotation, the loops form a kind of
"channel" parallel to the edge direction. This is the result of preferential sweeping by the portions of
the source of edge character, whose interaction with the prismatic loops is the strongest. One may,
then, expect that the channel width should be inversely proportional to stress, since it is related to
bowed out shape of the source. Drift effects are also observed in the dynamic sequence of Fig. 12.

Still, there are many unknowns, for instance the rate at which the prismatic loops are produced, its
dependence on the stacking fault energy and the type of microstructure formed when several sources
simultaneously operate. While modelling and simulation tend to favour the same sweeping model that
is, in addition, suggested by experiment, the elementary building blocks which have been identified
have not yet been assembled in a consistent quantitative form. Furthermore, although the formation of
dipolar loops and their sweeping by gliding dislocations are occasionally observed in numerical
simulations, optimum conditions for forming a non random structure of dipolar walls have not yet
been reached. Finally, the mechanisms of cyclic hardening, that occur in parallel with the emergence of
the matrix structure are only qualitatively understood (Laird 1983). After a few cycles, one expects
several hardening  mechanisms, that also participate to pattern formation, to be active: the bowing out
of non-edge dislocations between clusters of dipolar loops, jog dragging (cf. Fig. 9-a) and the friction
produced by clusters of point defects resulting from the annihilation of closely spaced dipoles or
dipolar loops.

 5. DISCUSSION

In this part, we depart from the previous considerations by moving to a few questions in the field of
experimental or theoretical aspects of dislocation patterning. The objective is here just to list, in a very
compact form, a few issues.

4.1. What type of relation exists between microstructure and properties?  Fully divergent answers have
been proposed to this question. In the three-stage hardening curve of f.c.c crystals, each stage is
associated with a reasonably well defined type of microstructure (Basinski and Basinski 1979) and
each transition between stages is associated with the progressive activation of a new mechanism and
the occurrence of a different microstructure. In contrast, successful phenomenological models of strain
hardening are obtained by making use of only one evolutionary variable, the spatial average of the
forest density (cf. the review of such models by Estrin 1996). Strain hardening is then described in a
very simple manner via storage in stage II and storage plus recovery in stage III. This leads to the idea
that no information regarding the detail of the spatial arrangement of the dislocations is needed to
model strain hardening.

The results presented in the previous part provide a more balanced answer. A numerical simulation is
based on elementary mechanisms and yields both a dislocation microstructure and a stress vs. strain
curve. As a consequence, the relation between microstructure and strain hardening is neither direct nor
non-existent. Both phenomena are governed by the same elementary mechanisms, in the present case
forest interactions (or dipolar interactions in cyclic deformation) and cross-slip or double-cross slip
phenomena, so that the relation is indirect. If this statement is correct it provides a simple guideline for
modelling, as both microstructure and strain hardening derive from the same storage mechanisms.

4.2. Similarity vs. self-similarity. The measurements of the average wavelength d associated with
patterning (cell diameter, channel width) yield a proportionality relationship between the reduced stress
σ/µ and the inverse of the reduced width b/d, in monotonic deformation as well as in cyclic
deformation. The proportionality constant is, however, different in each case (cf. e.g. the measurements
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of cell sizes in copper by Staker and Holt (1972) and of PSB channel widths by Holzwarth (1992) in
copper and Bretschneider, Holste and Tippelt (1997) in nickel). This is only one aspect of a
phenomenon called similitude, which has been the object of numerous developments but still remains
unexplained to the authors' opinion. An exhaustive compilation of experimental results on cells and
sub-boundaries by Raj and Pharr (1986) lead to the conclusion that similitude probably holds, but
within a significant experimental scatter. This may stem from the incorporation of some inaccurate
measurements into the statistics.

Gil Sevillano, Bouchaud and Kubin (1991) have tentatively proposed another explanation for this
scatter. It consists of attributing to dislocation cells a self-similar nature characterised by a fractal
dimension. This idea was also suggested by one striking micrograph from Mughrabi et al. (1986),
which was discussed by Gil Sevillano (1993) and Hähner Bay and Zaiser (1998). In such conditions
cells of all sizes, within a certain range, are present in the microstructure and the concepts of average
cell size and of similitude loose their meaning, as well as all the related attempts at modelling. Self-
similar microstructures were identified in copper cold-worked in the strain range 0.32-0.93 (Gil
Sevillano et al. 1991). More recently, a more systematic and rigorous investigation of existing
micrographs on deformed copper crystals from different sources have lead to a more substantial
evidence for the fractal nature of cell patterns (Hähner et al. 1998). One may note, however, that
similitude effects seem to hold in cyclic deformation. In addition, the analyses performed by Gil
Sevillano et al. (1991), showed that the microstructure had an Euclidean dimension at a strain larger
than 1, i.e. in the linear stage IV of deformation. This suggests that not all cell patterns might be fractal
ones, particularly at large strains or at high temperatures. A more systematic analysis of the
accumulated T.E.M. observations on cellular structures is now highly desirable, in order to confirm or
infirm the generality of the recent observations of fractal microstructures and check the occurrence of a
possible cross over between fractal and Euclidean dimensions.

4.3. Internal stresses. As is clearly seen from Fig. 6-b, an internal stress field is built up during plastic
deformation that both results from and influences the emerging dislocation pattern. Dislocations of
opposite sign approach the walls from opposite directions, which results in the accumulations of
dislocations of given sign on each side of a wall. As a result, the cell walls are said to be "polarised"
(Hasegawa, Yakou and Kocks 1986), which produces a forward internal stress favouring dynamic
recovery in the walls. Between the walls, incoming dislocations are repelled by these internal stresses,
hence a backstress is produced in the cells or channels. The average backward and forward stresses
can be estimated by assuming that the deformed crystal is made up of a hard dislocation-rich phase
and a soft dislocation-poor phase, as is basically done in Mughrabi's composite model (Mughrabi
1987). This model has provided a satisfactory alternative to the former pile-up models for explaining
the occurrence of long range stress fields in strained crystals. Although it does not explain why
patterns are formed and how they evolve, the composite model is particularly useful for the
investigation of large strain behaviour where dislocation-based models have little or no predictive value.
Within this model, the coefficient relating the square root of the dislocation density to the flow stress
appears weakly sensitive to spatial distribution of the dislocations, (for an experimental check see
Hansen and Huang 1998). This also explains to some extend the reason why the average dislocation
density is a suitable parameter for modelling strain hardening properties.  

In relation with the modelling of the initial stage of formation of a cell structure, one can notice that the
building up of a spatially organised internal stress, originating from the stored dislocation density,
reinforces the tendency to patterning. It enhances recovery in the walls, and hardening by impeding
dislocation motion in the dislocation-poor areas. Accounting for these long range stresses has been the
one of the major difficulties associated with the so-called "deterministic models" for dislocation
patterning (e.g., the drift or sweeping models mentioned above). Indeed, these stresses depend on the
spatial arrangement of the immobile dislocations and involve for each dislocation a summation of the
interaction force due to all the other dislocations present in the microstructure. There seems to be no
way to deal with such non local phenomena without considerable simplifications leading to unknown
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consequences. A classical example is the model by Holt (1970), where a truncation of the long range
stresses introduces an artificial length scale in the final result.
A burst of recent models is based on a quite different approach in which only internal stresses
stemming from the intermittent passing of mobile dislocations are taken into account. These
uncorrelated slip events induce fluctuating stresses and strain rates that are described as a white noise.
In these "stochastic models" (Hähner 1996), the formation of dislocation patterns is assumed to be
induced by sufficiently high levels of noise, by analogy with noise-induced transitions. These
stochastic models demonstrate a high versatility, as they were successively used to predict the
occurrence of quasi-periodic (Hähner 1996) and further fractal (Hähner et al. 1998), microstructures.
Yet, it is not established that the long range elastic stresses due to mobile dislocations are the ultima
ratio for dislocation patterning, nor that the role of the internal stresses from stored dislocations can be
neglected. Further, one may speculate about the respective roles of junction processes, that constitute
the most significant contribution to the flow stress, and of the long range interaction stresses.

4.4. Force vs. Energy. A lesson put in practice in the simulation is that dislocations move, or are
immobilised, according to the value of their instantaneous effective force. When motion occurs, this
force is related to the total elastic energy of the crystal by F E= −∇ , i.e., each mobile dislocation
moves in such a way as to reduce this total energy. However, dislocations cannot in general move in
the direction of the total effective force, since the latter is not contained in their slip plane. Both stress
and temperature promote a more effective reduction of the elastic energy via the two processes of
cross-slip and climb that provide the dislocations with additional degrees of freedom. As a result, large
stresses and high temperatures tend to promote the formation of self-screening configurations that
avoid storing large amounts of elastic energy. Unfortunately, the arrangement of such metastable states
is difficult to predict since the crystal is permanently driven far from equilibrium by the dissipation of
mechanical work.

Using a different type of vocabulary, one may say that an increased annihilation of the "statistically
stored" dislocations leaves only the "geometrically necessary ones" or GNDs. In this respect, the
theory of GNDs can be considered as a theory of "Low Energy Dislocation Structures" (Kuhlmann-
Wisldorf 1999) that does not make any assumption of thermodynamic nature. The GNDs have been
the object of a renewal of interest in the last years, because they are compatible with a continuum
mechanical description of the local lattice flexions or torsions (Fleck et al. 1994). However, one is very
far from understanding how misorientations across walls or subgrains evolve with strain. Further,
when the rather abrupt change in lattice orientation across a subgrain is made continuous, a gradient
form is written that, by reason of dimensionality, must involve a length scale, in principle the subgrain
size. Therefore, continuum theories based on GNDs cannot avoid treating the problem of dislocation
patterning in consistence with strain hardening, just like discrete theories. It follows that the dislocation
modelling of dislocation microstructures at large strains, within continuum as well as discrete frames,
involves substantial difficulties.

6. CONCLUSIONS

The point of view that was emphasised here is necessarily influenced by the use of a particular tool,
numerical simulations, and by the present limitations of the latter to small strains, low or medium
temperatures and to the very simple situation of the pure single crystal in uniaxial deformation. The
possibility of manipulating elementary mechanisms in a numerical simulation is certainly the main
strength of the approaches discussed here. Another strength is the possibility to check hypotheses
made by different models. Thus, the modelling of dislocation patterns in general may benefit from a
better understanding of the first bifurcation that leads from a non uniform microstructure to an
organised one. In parallel, there is a need for several types of T.E.M. observations, not only at large
strains, but also in the early stages of deformation both in monotonic and cyclic deformation.



Dislocation mechanisms, microstructures and hardening

19

Regarding the relation between strain hardening and dislocation patterning, it appears that both depend
on storage processes, the latter being governed by cross-slip. As a consequence, a physical model for
dislocation patterning should explicitely include such mechanisms. The fact that cross-slip models are
imperfect and rather complex, as they treat a core property within an elastic framework, probably
explains why the importance of this mechanism has been too often underestimated.

Finally, in non-patterning materials, the situation looks somehow easy to handle. One must, however,
be aware that, due to the fact that the dislocation mobility is governed by dislocation core properties
and not by the dislocation-dislocation interaction, the standard models valid for f.c.c. crystals may not
apply.
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