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Abstract
The origin of the anomalous temperature dependence of the giant work-

hardening rate and of the modest strain-rate sensitivity observed in many L12
alloys is investigated by means of an ènd-on’ simulation of dislocation dynamics
in Ni3Al. The present model reproduces most of the atypical mechanical
properties observed experimentally. The study of the evolution of the distri-
bution of the Kear± Wilsdorf locks during plastic deformation indicates that the
order of magnitude of the work-hardening rate stems froma preferred exhaustion
of the weakest locks. In addition, the lowstrain-rate sensitivity measured is found
to rely on the absence of a correlation between the dislocation properties which
provide the plastic strain and those which determine the ¯ ow stress level.

§1. Introduction
A variety of well identi® ed, atypical mechanical properties take place in L12

alloys of which the peak of yield stress is by far the most documented. The various
attempts at designing an analytical model which would account for the overall
mechanical responses of these alloys have not yet converged towards a unique
point of view. This is essentially because the models are partly inadequate to repro-
duce the several intricate microstructural processes that take place during deforma-
tion (for reviews, see Hirsch (1993), Caillard and Couret (1996) and VeyssieÁ re and
Saada (1996)). It is commonly accepted that the anomalous mechanical behaviour of
these alloys is to a large extent determined by speci® c transformations taking place
within the core of h110i dislocations. The dissociated core of a screw dislocation can
switch from the primary f111g octahedral (O) slip plane to the cross-slip f100g cube
(C) plane in which, however, lattice resistance to dislocation motion is much more
substantial than in the former (§2.2). This con® guration is referred to as an incom-
plete or a complete Kear± Wilsdorf lock (KWL) depending upon whether dissocia-
tion occurs partly or fully respectively in C planes (Bontemps and VeyssieÁ re 1990).
The transformed con® guration is sessile with respect to glide in the primary Oplane.
It can give rise to a fairly e� cient dislocation immobilization under an applied stress
(MoleÂ nat et al. 1993, Saada and VeyssieÁ re 1994). As a result, the deformation micro-
structure consists of long straight screw locks.

Following the work of Mills and Chrzan (1992), we have recently addressed the
question of the ¯ owstress anomaly in a model Ni3Al alloy, by means of a dislocation
dynamics simulation (Devincre et al. 1997). For this purpose, we incorporated
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selected documented properties of dislocation cores, including the above locking
mechanism and its thermally activated nature, into a pre-existing three-dimensional
(3D) simulation code designed to model dislocation dynamics at a mesoscopic scale
(Devincre and Kubin 1997a). In particular and for simplicity, we ascribed the motion
of dislocations to remain in plane, for example the ® nite motion on the cube cross-
slip plane was not accounted for explicitly. With the speci® c properties of KWLs
being included, the simulations yield dislocation microstructures naturally stretched
in the screw direction. Futhermore, because the locking is treated as a thermally
activated process, the preference of dislocations for the screw orientation sponta-
neously soars as the temperature increases. Simultaneously, the mean length of the
kinks joining successive KWLs in the O planes decreases monotonically. An impor-
tant feature suggested by the simulation is that plastic strain proceeds mostly from
the sliding of kinks along the screw direction. The mobility of a given kink is con-
trolled by its length as well as by the friction stress which acts on the jogs that
interconnects a kink to a KWL (see ® gure 1 in the paper by Devincre et al.
(1997)). In order to reproduce the ¯ ow stress anomaly as well as realistic microstruc-
tures, it was determined that kink sliding ought to be somewhat hindered, which in
turn implies that a substantial friction stress be exerted on the geometrically neces-
sary jogs.

The ¯ ow stress anomaly was found to consist of two regimes, each corresponding
to a speci® c dislocation mechanism. At low temperatures, the longest kinks operate
as dislocation sources, much as a Frank± Read source at least in its ® rst stages but, as
the temperature is raised, the kinks decrease in length and tend to slide over increas-
ingly long distances in the screw direction. Strain then proceeds essentially by the
motion of the kink pairs which are nucleated upon KWL destruction. However, the
ìn-plane’ simulation could not help us to investigate the origin of the atypical work-
hardening rate (WHR) and of the modest strain-rate sensitivity (SRS) which are part
of the signatures of the anomalous deformation regime of Ni3Al:

(i) The WHR is indeed astonishingly large, exhibiting in addition a peak at a
temperature systematically lower than that of the ¯ ow stress. The physical
origin of the microscopical mechanism responsible for the work hardening
remains uncertain (VeyssieÁ re and Saada 1996).

(ii) The SRS of Ni3Al is very small, comparable with that of pure fcc metals. It
shows a minimum within the temperature domain of the ¯ ow stress anomaly
(Thornton et al. 1970, Ezz and Hirsch 1994).

In this paper we report the results of an alternative two-dimensional (2D) com-
puter simulation which we have designed to investigate the above two properties.
This method, in which dislocations are viewed and treated end on, is capable of
handling a large density of dislocations over relatively large strains. By this means we
can account for variations in the density of mobile dislocations, include interactions
between non-coplanar dislocations and allow for cross-slip. A detailed description
on the computational technique and of its main outcome is presented in §§2 and 3.
The discussion of the simulation results including a comparison with experiments is
addressed in §4.

§2. Thetwo-dimensional ènd-on’ simulationmodel
Inasmuch as one’s interest is restricted to properties that take place in the limits

of small strains, such as yielding, the simpli® cation that dislocations cannot glide
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in C planes has little in¯ uence on the modelling of plasticity by means of the ìn-
plane’ simulation. By contrast, in addressing the WHR and the SRS, out-of-slip-
plane dislocation interactions and recovery can no longer be ignored. Unfortun-
ately a full 3D simulation is at present out of reach in terms of computing time.
The substantial length of dislocation line which needs to be taken into account
is indeed incompatible with the necessarily large number of segments required to
discretize the curvature of the kinks, which are inherently numerous. The
alternative 2D ènd-on’ computer model which we have designed consists essentially
in considering a cross-section perpendicular to the screw direction (® gure 1) and
in incorporating several rules adequate to mimic the features ignored in the
previous simpli® ed 2D in-plane geometry. As a counterpart, features such as
kinks and their multiple properties (Devincre et al. 1997) cannot be accounted for
explicitly.

2.1. Discretization of time and space
The present end-on simulation bears many similarities to molecular dynamics. It

is actually inspired from a technique of simulation ® rst designed by Amadeo and
Ghoniem (1989) to study dislocation patterning. Because the dislocation lines in
Ni3Al is predominantly straight and of screw character (§1), we chose to represent
a dislocation by its intersection with a plane frame xOy normal to the (110) direction
(® gure 1). In this frame Ox is taken along the slip direction in the O plane. The
microstructure is thus approximated to a distribution of parallel and antiparallel
screw h110i dislocations.

The e� ective shear stress ¿* on the dislocations resolved on the O plane, origi-
nates from three di� erent contributions.
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Figure 1. Schematic representation of the 2D ènd-on’ simulation system. The plane frame,
25 m m 25 m m large, is normal to the screw direction. The dislocations of either sign,
are assumed to be straight. They are allowed to glide in either one of Oand C planes
and to cross-slip on these.



(1) The internal elastic stress ® eld ¿int, is computed for a dislocation i by super-
imposing the stress ® eld of each surrounding dislocation j, calculated in the
frame of linear anisotropic elasticity:

¿int =
j 6=i

c44b
2p A1/2

X
X2 + AY 2 , (1)

where c44 is an elastic constant and A the Zener ratio which in Ni3Al are
128GPa and3.28 respectively. ThedislocationBurgersvectorb is 5 10 10 m
and(X, Y ) arethecoordinates of the vector joining dislocation i to j. Given a
reasonable dislocation density of about 1012 m 2, we have determined that,
beyond 2 m m, the contribution of dislocation interactions becomes negligible
relative to the other contributions to the e� ective stress. Accordingly, a cut-
o� distance for the dislocation self-stress ® eld is set to 5 m m.

(2) The frictional stress ¿f is ascribed a value of 10MPa in the Oplane. Since ¿f
is then always smaller than the applied stress, it does not in¯ uence disloca-
tion dynamics substantially. In the same vein, there is little interest in con-
sidering that ¿f is temperature dependent.

(3) The applied stress, ¿app, is adjusted so as to maintain a given constant plastic
strain rate Çg app. After each time step t, ¿app is corrected for the quantity:
M( Çg app  Çg true) t (see appendix B in the paper by Devincre et al. (1997))
where M is a sti� ness constant set to ¹ in order to represent a sti� testing
device. As the temperature is raised from 200 to 600K, t must be changed
from10 9 to 10 10 s in order to take the increase in the dislocation free ¯ ight
velocity into account. The instantaneous strain rate Çg true, is calculated at
each step of the simulation, based on the Orowan equation

Çg true =
1
L2

n

i=1

bi xi

t
, (2)

where n is the number of dislocations contained in the frame of surface L 2

and xi is the displacement of dislocation i during t.

We ignore the possible e� ects of acceleration. The mean free glide velocity v as well
as the free ¯ ight distance x are determined within each simulation step from

v(t) =
¿*(t)b

B
(3)

and

x(t + t) = x(t) + v(t) t, (4)
where B is a drag coe� cient representing the dissipation which accompanies disloca-
tion glide. Mills and Chrzan (1992) have estimated B to about 2 10 3 Pas in Ni3Al.

The simulation procedure begins with a random distribution of 100 dislocations,
that is a dislocation density of 1.6 1011 m 2 in a frame of 25 m m 25 m m (we also
tried 1.6 1013 m 2 in a smaller frame of 2.5 m m 2.5m m; see §3.3). To avoid di� -
culties at boundaries, the calculation of the forces includes image replica of the main
simulation frame and, every time that a dislocation disappears at a boundary of the
main frame, its image is allowed to cross through the opposite boundary in the same
slip plane.

1612 B. Devincre et al.



2.2. The local simulation rules
For the sake of practicality, we do not account explicitly for dislocation dissocia-

tion in the simulation. On the other hand and by construction, line tension cannot be
included in the end-on simulation. These two components are nonetheless essential
and they must be incorporated in the model via constitutive rules. What these local
rules have to reproduce in practice are ® rstly the conditions of cross-slip immobiliza-
tion by formation of a KWL and secondly the subsequent strength of the KWLs.

Unlocking occurs when the e� ective stress becomes locally larger than the KWL
unlocking stress ¿u, which itself depends on the extent lc(T) of the con® guration in
the C plane, (MoleÂ nat et al. 1993, Saada and VeyssieÁ re 1994). In view of the 3D
nature of a KWL, unlocking implies an overall double cross-slip process which must
be also included in the end-on simulation. The procedure which we have employed to
account for these rules and which is largely inspired from our previous work is as
follows.

(i) To model the formation of KWLs, the number of cross-slip events (from O
to C) for a length l of screw dislocation during the incremental time t of
the simulation, is represented by means of the expression

P(T) = f exp  Wo-c

kT
l t, (5)

where kT has its usual thermodynamical meaning. f , the attempt frequency
for cross-slip per unit length, is set to 3.26 1019 m 1 s 1, while Wo-c the
stress-independent activation energy, is 7 10 20 J. Both quantities together
with equation (5) compare with those previously employed by Paidar et al.
(1984), Mills and Chrzan (1992), Ezz and Hirsch (1994), Caillard and Paidar
(1996), Devincre et al. (1997) and Louchet (1997). At each step, the expres-
sion of P(T) is tested for every mobile screw dislocation by means of a
Monte Carlo scheme.

(ii) Yet in the end-on simulation the characteristic screw length l, which appears
in equation (5), is not immediately accessible since no characters other than
the screw dislocation are explicitly considered. One way to circumvent this
di� culty is ® rst to consider that, when submitted to an e� ective stress ¿*,
mobile dislocations assume a certain curvature whose radius R is, in the
approximation of line tension, given by

R =
¹b
¿*

. (6)

Then, we equate the hypothetical line segment which is liable to cross-slip to
the chord of length l in the screw direction located at a distance R  w from
the centre of curvature (VeyssieÁ re andSaada 1996). In order for the chord to
represent a given dislocation character (here the screw character), the adjus-
table parameter w must remain modest, say of the order of the size of the
dislocation core (about 2b where b is the Burgers vector of the perfect
dislocation). In these conditions, the dependence of l upon the local e� ective
stress is given by

l = (8Rw)1/2 = 4b
¹

¿*

1/ 2

(7)
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It should be emphasized that this approach corresponds to a quasistatic
approximation of the dislocation curvature which tends to underestimate
the length of the mobile screw portion. Under dynamical conditions, the
actual radius of curvature becomes necessarily larger than R for expanding
con® gurations tend to evolve out of mechanical equilibrium. As a conse-
quence, the simulation is actually expected to underestimate the probability
of KWL formation. In addition, one must realize that, in the anomalous
domain of temperature, ¿* is close to ¿app. Then, the relative ¯ uctuations in l
due to ¯ uctuations in ¿* are small and the main results of the simulation
would not be a� ected by taking a constant length l b(¹/ ¿app)1/ 2.

(iii) We make use of the same rules for the KWL unlocking stress ¿u, as those
which we had designed for the in-plane simulation. In view of ® gure 8 of the
paper by Saada and VeyssieÁ re (1994), the KWL unlocking stress follows
approximately

¿u(lc) = 16.5
lc
b

+ 50, (8)

where ¿u is expressed in megapascals and lc, the antiphase-boundary extent
of the KWL in the C plane, ranges between b and 10b (10b compares with
spreading height of the complete KWLs).

In addition, lc is assumed to follow a normal distribution centred on a
temperature-dependent mean value lc(T):

P(lc) =
1

p 1/2 exp  lc  lc(T)
b

2

. (9)

In an attempt to re¯ ect the gradual decrease in lattice friction in the C plane
with increasing temperature (suggested in particular by several experimental
studies such as Hemker’s (1990) creep experiments and transmission elec-
tron microscopy observations (VeyssieÁ re and Saada 1996)), the quantity
lc(T) is ascribed the following Arrhenius form:

lc(T) = dc exp  Wc

kT
, (10)

where dc and Wc are set to 40b and 1.52 10 20 J respectively in order to
model a monotonic increase in the mean KWL height from b at 300K to
10b at 800K. It should be noted that we have incorporated no provision for
a possible ageing of the KWLs, that is for a time dependence of lc(T) once
the KWL is formed (see the appendix of the paper by Devincre et al. (1997)).

At each step of the computation and for every KWL present, the e� ec-
tive stress ¿*, resolved in the O plane is calculated and compared with the
unlocking stress ¿u (equation (8)). When the ratio ¿*/¿u exceeds unity, the
KWL is declared unlocked and the dislocation ascribed the second stage of
an overall double cross-slip process. In practice, the newly freed dislocation
is ® rst translated in the direction determined by the sign of ¿*b, over the
distance lc in the C plane (i.e. over the height of the KWL in the C plane).
Subsequently, the dislocation resumes slip in a O plane which is distinct
from the O plane where it was slipping before it became locked. This
local rule is one of the major di� erences between the in-plane and the
end-on simulations. It should be noted that, since the cross-slip frequency
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and the mobility of dislocations in the C plane both increase with increasing
temperature, the tendency towards slip planarity is decreased as temperature
is raised.

(iv) When two dislocations approach each other, elastic interactions can either
further stabilize or help to destroy KWLs, depending on how the local
e� ective stress is perturbed (§3.1). Attractive interactions between close
dislocations can for instance favour repeated cross-slip events and promote
dislocation annihilation (VeyssieÁ re 1997). This latter process is accounted
for by means of a cross-section Y s(T) for spontaneous annihilation. On the
other hand, since annihilation involves cross-slip, Y s(T) should be tem-
perature dependent. We have thus chosen to describe Y s(T ) by the
following expression:

Ys(T) = Y0 exp  Wc

kT
. (11)

This expression, similar to that for the KWL height lc (equation (9)),
accounts for the idea that cube slip constitutes one probable component
of the wholesale annihilation event and thus reminds us of the tempera-
ture-dependence of friction in this plane. Y0 is a ® tting parameter represent-
ing the ease of cross-slip annihilation and which we have tested in the range
from 40b to 4000b (see §4.3).

(v) In the absence of su� cient information on multiplication in Ni3Al, we have
allowed no provision for multiplication. Introduction of the multiplication
is indeed necessarily crude in end-on simulation. Instead and in order to test
the sensitivity of the model to variations in the dislocation density as
deformation proceeds, we have preferred to conduct simulations with
various initial dislocation densities and cross-sections for annihilation.

Finally, it should be mentioned that, as a result of the above rules, computations
become excessively time consuming above 600K. Beyond this temperature, what
occurs indeed is that, on the one hand, the slip velocity is far too high for accelera-
tion to be ignored while, on the other hand, the number of locking and unlocking
events increases exponentially with increasing temperature.

§3. Results
As made clear by ® gures 2 and 3, the critical resolved shear stress (CRSS)

determined within the end-on model, increases continuously with increasing tem-
perature in the temperature range explored.

The contribution of unlocking to the ¯ ow stress is essential (® gure 3). From the
combination of equations (8) and (10), one can indeed de® ne a mean unlocking
stress² ¿u(lc). The closeness between the variations in ¿u(lc) and those of the
CRSS provided by the simulations is striking. We have checked in addition that
the unlocking events always correspond to those KWLs characterized by the smallest

Simulation of plastic ¯ ow in Ni3Al 1615

² It should be realized that, for the notion of an unlocking stress to be physically sound,
the distribution of KWL height must be essentially that determined by equation (9), that
is when the distribution is not yet substantially a� ected by the dynamical feature discussed
in §4.2.
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Figure 2. Stress± strain curves at di� erent temperatures under a pre-set strain rate
Çg = 10 2 s 1. The size of the simulation frame is 25 m m 25 m m, with an initial dis-
location density of 1.6 1011 m 2. The plastic instabilities visible on the stress± strain
curves illustrate the jerky nature of dislocation motion during simulations. For
instance, the large serrations at low temperatures stem from avalanches of unlocking
events and from large mean free-glide distances (§3.1). The thick line, which exhibits
neither work hardening nor serrations, represents the response of the system when no
cross-slip onto the C planes is permitted. Note the increase in ¯ ow stress and the
decrease in the amplitude of serrations with increasing temperature. The dotted
straight line embodies the WHR at 500K, that is the slope of the stress± strain curve
averaged over g = 10 3.

Figure 3. Dependences of the simulated CRSS with test temperature for initial dislocation
densities of 1.6 1011 m 2 ( n ) and 1.6 1013 m 2 ( e ): ( Ð Ð ), temperature depen-
dence of ¿u(lc) (see equations (8) and (10)); ( s ), ìn-plane’ simulation (Devincre et al.
1997).



lc, of which the most unstable are of course those whose destruction can be further
assisted locally by internal stresses.

Up to a density of the order of 1012 m 2, the stress± strain curves are insensitive to
variations in the dislocation density. Beyond that value, the CRSS becomes system-
atically decreased (® gure 3) and, when deformation proceeds, the dislocation density
remains homogeneously distributed in the simulation frame. While the formation of
KWLs is determined by the stochastic operation of cross-slip, their destruction is
controlled by the local, e� ective stress. Accordingly, deformation proceeds to a large
extent from individual behaviour. We have actually determined that it is only at the
highest dislocation densities tested, the elastic interactions can be locally as high as
¿u. Under these circumstances, the internal stress, especially the contribution from
the ® rst-neighbour dislocations, increases with increasing dislocation density, which
in turn promotes the destruction of certain weak KWLs.

3.1. Plastic instabilities
As shown in ® gure 2, the deformation under a constant strain rate proceeds by

bursts (note in particular that the reference thick curve, which corresponds to the
case where KWL formation is forbidden, shows no instabilities). The same beha-
viour was observed in the in-plane simulation where discontinuous dislocation
motion takes place in the two temperature regimes. There are ® nite periods of
time during which no dislocation is moving. Meanwhile, the stress is accordingly
increased (the vertical section on the stress± strain curves in ® gure 4) until the stress
is locally enough to unlock a KWL. Then, during its free ¯ ight the newly freed
dislocation experiences interactions with the surrounding dislocations and the stress
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Figure 4. Comparison between the instabilities found on simulated stress± strain curves at
350K over three orders of magnitude in strain rate Çg app = 1, 10 1 and 10 2 s 1. The
stress is plotted against the total strain so as to display the ascending part of the
serrations, which by comparison with ® gure 2, appears to be purely elastic in nature.
The upper ¯ owstresses, which correspond to the destructionof the weakest KWL(s) at
that particular instant, are reasonable well aligned within the same stress± strain curve.
The simulations indicate a modest positive SRS, if any.



distribution is accordingly perturbed. This is in turn liable to provide the stress
increment required to unlock one or, step by step, several KWLs. Given the test
temperature, the serrated aspect of the stress± strain curves originates fromthe opera-
tion of a stress-assisted unlocking process which is capable of creating avalanches of
strain. Plastic instabilities are particularly prominent at low temperatures. This is
because the dislocation mean free-̄ ight distance is large while the mean KWL height
is modest and the resulting unlocking stress moderate and thus more sensitive to
interactions. On the other hand, we have found that the amplitude of the plastic
instabilities increases with increasing sti� ness constant, a behaviour fully consistent
with the fact that the applied stress then decreases more rapidly during the ava-
lanches. As the test temperature is increased, serrations tend to vanish. Deformation
then proceeds in a more continuous manner for it results from the compensating
contribution of a number of small free-̄ ight jumps (see the following section on the
SRS). To the present authors’ knowledge, no incompatibility seems to exist between
the present results and the experimental evidence of instabilities. Several workers
have indeed reported that plastic instabilities do take place in Ni3Al-based alloys,
especially at low temperatures within the domain of ¯ ow stress anomaly, in parti-
cular in the course of reversibility experiments (VeyssieÁ re and Saada 1996). However,
the experimental conditions from which instabilities are likely to result are not yet
clearly established except for the recently reported correlation between serrations
and strain-rate jumps (Demura and Hirano 1997), which we have not explored yet.

3.2. Strain-rate sensitivity
When cross-slip locking is not accounted for, dislocations are ascribed to remain

in the O slip plane where they were sitting before the deformation test was started.
When the dislocation density becomes large enough for the elastic interactions to be
of the order of magnitude of the friction stress, the work hardening vanishes and
deformation proceeds smoothly. All the dislocations are moving simultaneously and
at a moderate velocity directly monitored by the applied strain rate (® gure 2). The
SRS is Newtonian in nature (Devincre and Kubin 1997b), showing a linear depen-
dence of ¿app upon Çg which takes place over three decades of strain rate. In other
words, the plastic ¯ ow is controlled only by the viscous nature of dislocation glide
via the adjusted drag coe� cient B (§2). The strain rate obeys

¿app
Çg B
q b2 , (12)

which is a variant of equation (3) reformulated to include the Orowan expression.
When, on the other hand, the KWLs are incorporated in the hypotheses of the
simulation to represent a model Ni3Al crystal, then no signi® cant variation in the
¯ ow stress can be observed over two decades of strain rate (between Çg = 10 2 s 1 and
Çg = 1s 1). This lack of a sensitivity to the strain rate is accompanied by a drastic
change in the dislocation dynamics. Only a very small fraction of dislocations are
mobile during plastic bursts and the dislocation free-̄ ight time is small compared
with the waiting time in the KWL con® guration (® gure 5). Figure 6 reproduces the
dependence of the mean free-̄ ight time upon temperature. The rapid decrease
stems from the fact that the probability of forming KWLs, that is of immobi-
lizing a dislocation gliding in an O plane, increases exponentially with increasing
temperature.
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The dislocation velocities measured in the course of the simulations which incor-
porate KWL formation are much larger than those found in the absence of a cross-
slip locking process (® gure 7). Indeed, with the simulation conditions used in ® gure 7
the dislocation mean velocity is about 20ms 1, while it is about 10 3 ms 1 in the
absence of locking. As discussed in the previous section, this drastic change in the

Simulation of plastic ¯ ow in Ni3Al 1619

Figure 5. Statistical distribution of the dislocation free-̄ ight time between the destruction of
a KWL and the formation of the next KWL on the same line. The simulation test is
conducted at 400K; the strain rate is equal 10 1 s 1 and the dislocation density to
1.6 1011 m 2.

Figure 6. Temperature dependence of the mean free-̄ ight time between two consecutive
KWLs. The strain rate and the dislocation density are equal to 10 1 s 1 and about
1.6 1011 m 2 respectively.



dislocation dynamics comes from the fact that in Ni3Al the fraction of mobile dis-
location is extremely low and the ¯ ow stress large.

Figure 8 shows a distribution of free-̄ ight distances in the O plane between the
destruction of a given KWL and the formation of the next KWL on the same
dislocation (the simulation temperature is 400K). Since this distribution is
rather spread out, dislocation dynamics in the O plane are di� cult to anticipate

1620 B. Devincre et al.

Figure 7. Distribution of the velocity of a dislocation in between two consecutive locked
con® gurations. The simulation conditions are identical with those used in ® gure 5.

Figure 8. Free-̄ ight distances between two sequential KWLs at 400K. The simulation con-
ditions are identical with those of ® gure 5.



from these data. Nevertheless, the large free-̄ ight distances observed at low
temperatures would correspond to large dislocation kinks (§4), as previously
observed in the in-plane simulation. When the test temperature is increased,
since the probability of forming KWLs increases exponentially, the mean free-
¯ ight distances decrease rapidly (® gure 9) and kinks are expected to be gradually
shorter.

3.3. Work-hardening rate
By contrast with the in-plane simulation, the range of plastic strains that one has

access to by means of the end-on model is large enough to help to measure mean-
ingful increases in the ¯ ow stress. Figure 10 reproduces the temperature dependence
of the WHRµ thus measured on the simulated stress± strain curves with two di� erent
initial dislocation densities. It should be noted that the WHR is found to decrease
continuously with increasing temperature (® gure 10). It is clear from these results
that the ingredients incorporated in the end-on simulation are su� cient to reproduce
very high values of µ (in fact up to ¹/10 at 400K). Also, the WHR is found to be
poorly sensitive to the initial dislocation density. In those respects, the agreement
with experiments is satisfactory.

In order to determine whether the above results are a� ected by variations in the
dislocation density when deformation proceeds, simulations with larger value of the
cross-section, Y0 for the dislocation annihilation, have been performed. We have
found that the dislocation density then decreases rapidly with increasing strain. On
the other hand, the recovery increases with increasing temperature since numerous
cross-slip annihilations of large amplitude take place in the C plane. Nevertheless,
these modi® cations of the simulation conditions were found not to a� ect the value of
the WHR signi® cantly.

Simulation of plastic ¯ ow in Ni3Al 1621

Figure 9. Temperature dependence of the free-̄ ight distance between two sequential KWLs.
The simulation conditions are identical with those used in ® gure 6.



§4. Discussion
Compared with the in-plane approach, the present end-on model permits us to

account for interactions between dislocations as well as for the motion of these in the
C plane, including double cross-slip. It enables us in addition to check that incor-
porating elastic anisotropy, which is another di� erence between our present and
previous work, has only a little impact on the overall mechanical behaviour. On
the other hand, computing workability implied that several simplifying assumptions
be made in the end-on case, of which presumably the most instrumental is concerned
with the curvature of dislocations in the O plane.

The in-plane simulation suggests that the ¯ ow stress anomaly should be decom-
posed into two temperature domains, each controlled by a speci® c dislocation freeing
mechanism: ® rstly the bypassing of KWLs by expanding kinks and secondly the
KWL destruction, which operate at low and high temperatures respectively
(Devincre et al. 1997). When, as observed in the course of the simulations, the mobile
dislocations become completely exhausted, the stress to unfreeze a kinked KWL
depends upon whether this occurs via the operation of kinks as sources or else by
the unlocking of the KWL branches. In the former case of kink sources, the stress is
approximately ® xed by the kink length, which itself scales with the free-̄ ight dis-
tance of the screw dislocation between two consecutive locking events. In the latter
case where KWLs are directly destroyed, the stress is determined by the KWL height
lc in the cube plane. As a result, the two temperature regimes rely on two indepen-
dent critical lengths.

4.1. The ¯ ow stress
Since, by construction, the end-on simulation cannot account for the bypassing

of KWLs by expanding kinks, it is in the high-temperature domain that this model is

1622 B. Devincre et al.

Figure 10. Temperature dependence of the WHR µ which is determined as the slope of a
linear interpolation made, over a large deformation domain ( g = 10 3), on each
stress± strain curve, where the strain rate conforms to the ascribed value
( Çg = 0.1s 1). ( h ), taken from the stress± strain curves in ® gure 2, with Y0s = 40b;
( m ) simulations carried out under a larger annihilation distance (Y0s = 4000b),
which causes the rapid decrease in the initial dislocation density.



expected to reproduce the ¯ ow stress anomaly most appropriately. Nevertheless, in
the domain of low temperatures, we have found that the CRSSs determined within
the end-on simulation (KWL destruction) are only moderately larger than those
provided by the in-plane approach (KWL bypassing; ® gure 3). Hence, while the
origins of the two controlling mechanisms are physically independent, distinguishing
between the low- and high-temperature modes is not critical in practice. In fact, the
two processes of KWL unlocking and kink bypassing are formally equivalent and
this can be justi® ed by considering that the former is founded on equation (8), which
determines the strength of an incomplete KWL, while the latter is based on the
critical stress for kink expansion:

¿app
¹b
hk

, (13)

which de® nes the approximate stress to operate a kink with height hk as a source.
There is a formal analogy between these two mechanisms which originates from the
temperature dependence of the mean KWL height lc(T) (equation (10)), which is
reciprocal to that of the mean kink length in the KWL bypassing mechanism (Mills
et al. 1989, Hirsch and Sun 1993, Louchet 1997):

hk(T) V0

f exp[ (Wo-c)/ (kT )], (14)

where V0 is a constant which can be adjusted to experimental distributions of kink
heights. Hence, the fact that the end-on approach reproduces the ¯ owstress anomaly
at low temperature results from the fact that the basic equations and most of the
parameters employed here are formally the same as those which we had originally set
up for the in-plane simulation (Devincre et al. 1997). In addition, the operation of
kink widening at low temperatures is consistent with the present end-on approach
where signi® cantly large free-̄ ight distances then suggest the formation of a notice-
able fraction of large kinks.

4.2. The strain-rate sensitivity and plastic instabilities
We have seen that deformation proceeds by bursts of dislocation displacements

spaced out by waiting times during which dislocations are all immobile. Strain bursts
generate softening instabilities on the simulated stress± strain curves (® gure 4). When
all the dislocations become locked, the applied stress must be increased until locks
are destroyed. Interestingly, plastic instabilities are independent of the freeing pro-
cess considered, that is kink widening or KWL unlocking. We now examine how
these instabilities can be made consistent with the atypical property of a low SRS.

When the stress is large enough locally to unlock the weakest KWL, the freshly
freed line moves at a velocity imposed by the level of stress itself. Then, the free-̄ ight
time is determined by the locking probability and the resulting strain is the product
of these two quantities (modulated of course by the elastic sti� ness). Thus the
decreasing part of a serration must be strain rate independent. By contrast, the
ascending part is purely elastic (dislocations are all locked), thus exhibiting a
stress± time slope that increases with increasing strain rate. Since the upper stress
level is determined by the strength of the weakest KWL, the ¯ ow stress is strain rate
insensitive and the waiting time in the immobilized state is conversely proportional
to the strain rate. Consequently, the low SRS observed in the present computer
model relies on the same idea as that expressed by Saada and VeyssieÁ re (1993)
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and developped by Sun (1997) within the kink widening process, that is there is no
correlation between the dislocation properties which control the plastic strain (dis-
locations are arrested by their self-transformation into KWLs) and the ¯ ow stress
level (determined by the stability of the KWLs). Two additional points are worth
considering.

(1) The jerky nature of ¯ ow is smeared out gradually as the temperature is
raised since then the plastic strain originates from the superimposition of
numerous uncorrelated short slip events.

(2) There is a possibility that plastic ¯ ow becomes localized at large strains
which would in turn yield spatial instabilities (i.e. shear bands). This is
indeed suggested by ® gure 3 which shows a softening as the dislocation
density is increased. However the property remains to be checked under
multiple slip conditions.

4.3. The work-hardening rate
We have shown in §3.3 that the end-on simulation is capable of reproducing

giant levels of the WHR. The simulation indicates in addition that, since the ¯ ow
stress decreases as the dislocation density is increased, the hardening mechanism
involved should be neither of the forest nor of the Taylor type. In order to gain a
better insight into the origin of this property, we have investigated the sensitivity of
the distribution of KWL height to temperature and strain. Figure 11 shows histo-
grams of this height at ²plas = 5 10 4, as a function of test temperature. As the
temperature is raised, the distribution is gradually shifted towards increasing values
of lc and this accounts fairly well for the increase in ¯ ow stress (® gure 2). Note also
that the distribution of KWL height becomes sharper as the temperature is
increased. A similar trend is observed in the strain dependence of the KWL height
(® gure 12). At the beginning of the stress± strain curve, a Gaussian distribution of lc
tends to take place, but KWLs ought to be destroyed for deformation to carry on.
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Figure 11. Dependence of the distribution of KWL height lc (Ð Ð ) at ²plas = 0.05% upon
temperature: (± ± ± ), simulated distributions ® tted to a Gaussian distribution.



This causes a preferential depletion of the histogram whereby the weakest KWLs,
that is those with smallest heights, are destroyed ® rst. As dislocations continue to
become locked, the histogram incorporates a distribution of fresh KWLs which
conforms the imposed statistics (® gure 12) but which obviously cannot compensate
for the selective continuous depletion of the left-hand part of the distribution.

In the light of the above microstructural analysis, the giant WHRs exhibited by
L12 alloys deformed in the domain of ¯ ow stress anomaly appear to originate from
the preferential exhaustion of the weakest locks and to some extent fromthe shape of
their distribution. What occurs is that the generation of fresh locks cannot counter-
balance the systematic destruction of the weakest. For deformation to proceed from
g to g + g , the system does not contain enough locks that can be freed under ¿( g )

Simulation of plastic ¯ ow in Ni3Al 1625

Figure 12. Evolution of the distribution of KWL height during plastic deformation at 400K
(Ð Ð ). For simplicity, each histogramis ® tted to a gaussian distribution as in ® gure 11
(- - - - -). As the strain is increased, the distributions are shifted towards large values of
lc. Two signi® cantly distinct annihilation cross-sections are compared: (a) Y0 = 40b;
(b) Y0 = 4000b.

(a)

(b)



and it has thus to make use of further available locks, which all are of a higher
strength (larger lc). Accordingly, the applied stress must be raised on an average so as
to maintain a constant strain rate. As the strain increases, an increasing fraction of
the tail of the distribution is depleted which maintains a high WHR.

It should be noted that the above reasoning can well apply to a regime controlled
by a distribution of kinks similar to that of the KWL height, thus explaining the
large WHRs measured experimentally in the low-temperature regime. Why the
WHR increases with increasing temperature in the low-temperature regime while
it decreases at high temperatures is, however, beyond reach within the present
approach. The reasons for that may be that we have not taken the possible ageing
of the KWL height subsequent to the formation and that we cannot incorporate
multiplication realistically. We may nevertheless suggest the following scenario
which bears some similarities to the recent phenomenological `E.L.U.’ model
proposed by Louchet (1995, 1997).

(i) At low temperatures, coinciding with the beginning of the WHR anomaly,
the exhaustion rate of the mobile dislocations is low. Cross-slip is not very
e� cient and the formation of few KWLs does not restrict dislocation glide.
Then, the WHR is inherently modest.

(ii) The WHR takes large values when the generation of fresh locks cannot
statistically counterbalance exhaustion (whether this occurs via the system-
atic destruction of the largest kinks or of the weakest KWLs).

(iii) At the highest temperatures, the decrease in WHR (® gure 11) comes in the
simulation from the fact that the number of dislocation locking± unlocking
events becomes extremely high, thus preventing any preferential depletion of
the weak KWL from taking place.

§5. Conclusions
The present 2D end-on simulation reproduces a large amount of the set of

mechanical anomalies of L12 alloys.

(1) The ¯ ow stress increases with increasing temperature, here as a result of the
exhaustion of mobile dislocations by the formation of KWLs. We never-
theless believe that the controlling mechanism at low temperatures is related
to the widening of kinks and is not directly accessible with the present
technique.

(2) The very low SRSs originate from the jerky motion of dislocations in the O
plane. Changing the strain rate just modi® es the waiting times between
dislocation-free glide sequences.

(3) Because the free-̄ ight distances are large and the dislocation velocities
high, and since dislocation interactions help the freeing processes (at least
at the lowest temperatures explored), plasticity proceeds by avalanches
of strain manifested by serrations on the stress± strain curves. These
serrations result from a process which is entirely intrinsic to the core of
dislocations.

(4) Giant WHRs are satisfactorily accounted for by the end-on simulation
although their temperature dependence is beyond reach. Irrespective of the
freeing process involved (kink widening or KWL unlocking), hardening
stems from a preferred exhaustion of the weakest obstacles.
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