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A quantitative description of plastic deformation in crystalline
solids requires a knowledge of how an assembly of dislocations—
the defects responsible for crystal plasticity—evolves under
stress'. In this context, molecular-dynamics simulations have
been used to elucidate interatomic processes on microscopic
(~107""m) scales’, whereas ‘dislocation-dynamics’ simulations
have explored the long-range elastic interactions between disloca-
tions on mesoscopic (~10"°m) scales®, But a quantitative connec-
tion between interatomic processes and behaviour on mesoscopic
scales has hitherto been lacking. Here we show how such a
connection can be made using large-scale (100 million atoms)
molecular-dynamics simulations to establish the local rules for
mesoscopic simulations of interacting dislocations. In our mole-
cular-dynamics simulations, we observe directly the formation
and subsequent destruction of a junction (a Lomer—Cottrell lock)
between two dislocations in the plastic zone near a crack tip: the
formation of such junctions is an essential process in plastic
deformation, as they act as an obstacle to dislocation motion.
The force required to destroy this junction is then used to
formulate the critical condition for junction destruction in a
dislocation-dynamics simulation, the results of which compare
well with previous deformation experiments®.

Recent molecular-dynamics (MD) studies of dynamic crack
propagation using 100 million atoms have produced massive
amounts of atomic-level details on the spontaneous emission of
dislocation loops from the crack tip which result in shielding,
blunting and crack arrest™”. A Lennard—Jones potential is used to
simulate the response of a face-centred cubic (f.c.c.) structure
characterized by a low stacking-fault energy. Figure 1 shows the
evolution of a *flower” of dislocation loops emitted from a crack tip
advancing under the action of a transverse applied strain. We shall
focus on the evolution of three particular dislocation loops shown
in Fig. 1, labelled 1, 2 and 3. In this sequence one sees explicitly, for
the first time to our knowledge, how a dislocation junction is first
formed (Fig. 1b) and then partially destroyed in a cooperative
process which involves the formation of a second junction while the
first junction is being unzipped (Fig. 1¢). The atomic configuration
of the core of the first junction, known as a Lomer—Cottrell lock, is
shown in Fig. 2. Dislocation configurations of this kind are believed
to be one of the principal mechanisms of strain hardening in f.c.c.
metals with low stacking-fault energy.

The process of dislocation junction formation which we have
identified in the MD simulation has been discussed only in sche-
matic terms in classical textbooks"*’, but no explicit details pro-
duced by quantitative calculations in three dimensions have (to our
knowledge) been given before. The rather intricate exchange
between the two junctions, apparently unforeseen and unknown,
is driven by the balance between the crack-tip stress, dislocation
interaction forces, the line tension forces on the mobile dislocation
segments, and the constraint forces from the sessile (immobile)
junctions., The destruction of Lomer—Cottrell locks has been
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thought to involve rather large stresses, because the junction
segment is sessile and the whole configuration is fully extended.
As shown by the above sequence (Fig. 1), junction destruction is
likely to proceed via ‘unzipping) that is, motion of the dislocation
node along the junction line, as was anticipated by the Friedel-
Saada model'. If this were indeed the case, then the fate of a given

| junction should be governed primarily by the force driving nodal

displacement, while junction extension, as determined by the
stacking-fault energy, should be of secondary importance. Another
implication of the observed sequence is that a quantitative physical
theory of strain hardening and dynamic recovery behaviour may
need to include three-body and higher-order dislocation reactions.

The present example illustrates how large-scale atomistic simula-

tions can provide new insights into possible mechanisms of close- |

Crack
tip

Figure 1 Evolution sequence of dislocation loops emitted spontaneously from
an advancing crack tip which is suddenly arrested. In displaying the MD results,
only atoms with energies exceeding the ideal bulk value by =3% are shown.
a, The expansion (spreading) of a number of dislocation loops, withloops 1and 3
gliding in parallel (111) planes and loop 2 gliding in an intersecting (171) plane. As
loops 1 and 2 approach each other, their leading segments are seen 1o attract

| each other and line up in parallel. These dislocations, on analysis, are found to

| be Shockley partial (imperfect) dislocations, with co-planar loops having the

same Burgers vector,a/6[112] where a is the lattice parameter, while that of loop 2
isa/B[271]. In b, the leading segments of 1 and 2 have merged, forming a junction
dislocation 1-2, or ‘zipper', stretching along [107] direction, with Burgers vector
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equal to the vector sum of the Burgers vectors of the two parent dislocations:
al6[112] +a/B(211] = a/6[101]. This reaction product, an imperfect dislocation
known as a stair-rod, is sessile (immobile) because its slip plane, defined as the
plane containing the line direction and Burgers vector, is not a glide plane in the
f.c.c. structure. In e, loop 3 now glides in a plane parallel to loop 1. The elastic
interaction between loop 3 and junction 1-2 is repulsive, causing loop 3 1o line up
along the junction. As a part of loop 3 touches the free end of the intersecting loop

2 (on the right), another junction 2-3 of the same Lomer-Cottrell type forms along |

the stretched segment of loop 3, while simultaneously unzipping the firstjunction |

1-2. (Further details of fracture simulations are available at http:/ /www.almaden.
ibm.com/st/Simulate/Fracture)

Figure 2 Atomic core structure of the junction dislocation viewed along [101] |

junction line. The junction (black atoms) appears at the intersection of two
stacking faults resulting from two intersecting partial dislocations, each of a
mixed, 30° character with respect to the junction line direction. In terms of atomic

displacement, the combination of the two partials is equivalent to carving outa |
triangular wedge (grey atoms) and displacing the wedge matter away from the |

junction by a/6[101] and along the junction line by a/4{101]. The product
dislocation is a sessile stair-rod whose core is narrow and energy is low, as
indicated by the fact that only two rows of atoms (black) have energies in excess

of the 3% threshold. This stair-rod is a part of the so-called Lomer-Cottrell lock®

which has been observed in experiments”.
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range dislocation interactions. On the other hand, dislocation
behaviour is also governed by long-range elastic interactions; a
natural length scale for the collective response of dislocation
microstructures is in the micrometre range. The appropriate
method to treat the elastic interactions is a mesoscopic approach
known as dislocation-dynamics. In this method, dislocations are
represented by piecewise straight segments connecting the nodes of
a regular three-dimensional mesh whose symmetries are those of

- the underlying crystal structure. Dislocation-dynamics simulations

are currently used to examine collective dislocation behaviour on

| much larger scales, (typically 15 um) for f.c.c. crystals, and longer
| time intervals (50 ps) than is feasible with MD. Dislocation-
- dynamics studies have the potential to probe the macroscopic

mechanical response of single crystals controlled by the collective
behaviour of dislocations at high densities: such behaviours include
the formation and evolution of dislocation microstructures under
stress (Fig. 3) which ultimately determine the constitutive behaviour of
single crystals in various stages of plastic deformation®. Of particular
interest is the nature of the reciprocal scaling relationship between
yield stress and the length scale of dislocation patterns, postulated to
date as a universal empirical ‘principle of similitude’,

In dislocation-dynamics simulations, computational efficiency is
achieved through a less detailed description of dislocations in which

| Figure 3 A composite of dislocation-dynamics simulation results. a, Snapshot
| of a dislocation-dynamics simulation where dislocations, at an initial density

2% 10%cm* and placed in the simulation box at random, move in response to

external and interaction stresses. b, A magnified interior cross-section of thick-

| ness 1um extracted from the simulation box of a; it can be seen that the

dislocations are beginning to organize into a cell pattem. e, Further magnification

| showing two dislocation lines 1 and 2 tied together by ajunction 1-2. The junction,
| formed by two perfect dislocations with Burgers vectors a/2[101] and a/2{110]

| moving under applied stress on two intersecting slip planes, (111) and {111),

respectively, is a perfect a/2[011] dislocation. The parent dislocations mutually

| knit with each other until an equilibrium configuration is reached. The junction

formation is mimicked by locking conditionally the knitted portions. (Further

| details of dislocation-dynamics simulations are available at http://zig.onera.fr/

lem/DisGallery)
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atomic degrees of freedom are replaced by piecewise straight lines, |
and a mesh spacing (a few nanometres) is used that is larger than the

crystal lattice parameter. This means dislocation mobility and close-

range interactions are not determined as atomic-level processes, but |

are specified by external parameters known as ‘local rules™. For this
approach to be predictive, atomistic behaviour of dislocation cores
has to be integrated into meso-scale dislocation-dynamics simula-

tions. We therefore propose to establish a micro-to-meso connec- |

tion in which the local rules are derived from the physically

occurring dislocation core processes in an atomistic simulation, |
Figure 3¢ shows the formation, in a meso-scale simulation, of an |

attractive junction under conditions close to the MD simulation
described above. The behaviour of this mesoscopic junction needs

to be matched to the behaviour of its atomistic analogue, such as the

one shown in Fig. 1b.

Evolution of the junction, zipping further or unzipping, will |
depend on the forces acting on the two mobile segments connected |

to each node at the junction’s end (nodal segments). It is the

junction strength that governs the strain-hardening properties of |
f.c.c. crystals (so-called stage I1 hardening). We now analyse the |
junction strength in terms of the minimum force required to drive |

the unzipping process. In general, the force F acting to separate the
junction is the Peach—Koehler force, 7b, where 7 is the stress on the

mobile nodal segment and b is the magnitude of its Burgers vector, |

times the effective arm-length of the segment I The critical con-

dition for unzipping is that Fshould be equal to the energy spenton |

separating a unit length of the junction and moving the resu Iting

partials apart by a distance L This energy is the sum of core W, and |
elastic W, contributions. Practically, for mesoscopic simulations, |
junction strength is treated through an effective junction stress |
7, = (W, + W )/bl, which is then combined with the local stress 7 |

acting on every segment connected to a junction node. Although 7
is not a material parameter itself, as it depends on the length of the

unzipping arm, the local rule for mobility of the nodal segments is |
nevertheless fully specified, once W, and W, are known. Whereas |
W, can be calculated from elasticity theory, the core contribution |

W, can only be determined atomistically.

We have carried out an explicit atomistic calculation to obtain
the core contribution W.. To avoid the complications of dealing
with non-uniform stress distributions near a crack tip, we analyse
the energetics of junction unzipping in the same crystal without
the crack and under zero stress. The energy cost of junction

unzipping was obtained by comparing the energy of a sufficiently |

large cylindrical slab (559.6 A in diameter) centred around lock

1-2 (Fig. 1b) with the energy of the same slab for a configuration
where partials 1 and 2 are lined up parallel at a distance d, similar to

that shown in Fig. la. Presenting our result in a form scaled to |

the length / of the mobile segment, the effective junction stress is
given by the above equation with W.(b) = —0.0542¢VA ' and
W, (IIb) = 0.106 In(Ilby eV A~ ', b = 1.65 A. These numerical values

were obtained for Lennard-Jones potential with well depth |
€= 0.15eV and length parameter o = 2.556 A, nominally repre- |
senting Cu. For the arm length of 0.5 um, the effective junction |

stress is 15.5MPa, which compares very well with the junction
strength parameter previously obtained by fitting mesoscopic
simulation data to deformation experiments’.

The overlap of atomistic and continuum length scales, demon- ;

strated in this work for the case of dislocation junctions, points to |

the feasibility of a critical connection between two different model-
ling methodologies. It should lead to significantly improved under-
standing of dislocation behaviour which up to now has been
investigated mostly within the framework of linear elasticity. As

well as the properties of dislocation locks and junctions, a host of |
other essential mechanisms could be elucidated, including the |

cross-slip properties of screw dislocations, the dynamics of the

formation and motion of kink pairs, and the annihilation properties

of closely spaced edge-dislocation dipoles.
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